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Preface to “Spark-Plasma Sintering and Related 
Field-Assisted Powder Consolidation Technologies” 
Electromagnetic field-assisted sintering techniques have attracted increasing attention from 
scientists and technologists. Spark plasma sintering (SPS) and other field-assisted powder 
consolidation approaches provide remarkable capabilities to the processing of materials into 
previously unattainable configurations. Of particular significance is the possibility of using very 
fast heating rates, which, coupled with the field-assisted mass transport, stand behind the 
purported ability to achieve high densities during consolidation and to maintain the nanostructure 
of consolidated materials via these techniques. Potentially, SPS and related technologies have many 
significant advantages over the conventional powder processing methods, including the lower 
process temperature, the shorter holding time, dramatically improved properties of sintered 
products, low manufacturing costs, and environmental friendliness. 
In this collection, modern trends of field-assisted sintering, including the processing 
fundamentals and optimization of final product properties, are highlighted and discussed. 
The book includes four articles on spark plasma sintering of metallic or metal-ceramic 
powder systems, six papers on spark plasma sintering of ceramic materials, two papers on the flash 
sintering effect, two papers on microwave sintering, one paper on high voltage electric discharge 
compaction, and one paper on electric pulse sintering of powder paste. 
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Abstract: A need to deeper understand the influence of electric current on the structure and
properties of metallic materials consolidated by Spark Plasma Sintering (SPS) stimulates research on
inter-particle interactions, bonding and necking processes in low-pressure or pressureless conditions
as favoring technique-specific local effects when electric current passes through the underdeveloped
inter-particle contacts. Until now, inter-particle interactions during pressureless SPS have been
studied mainly for particles of the same material. In this work, we focused on the interactions
between particles of dissimilar materials in mixtures of micrometer-sized Fe and Al powders forming
porous compacts during pressureless SPS at 500–650 ˝C. Due to the chemical interaction between
Al and Fe, necks of conventional shape did not form between the dissimilar particles. At the early
interaction stages, the Al particles acquired shell morphology. It was shown that this morphology
change was not related to the influence of electric current but was due to the Kirkendall effect in
the Fe–Al system and particle rearrangement in a porous compact. No experimental evidence of
melting or melt ejection during pressureless SPS of the Fe–Al mixtures or Fe and Al powders sintered
separately was observed. Porous FeAl-based compacts could be obtained from Fe-40at.%Al mixtures
by pressureless SPS at 650 ˝C.
Keywords: spark plasma sintering; inter-particle; pressureless; iron aluminide; Kirkendall effect
1. Introduction
In electric current-assisted sintering of conductive materials, the current passes directly through
the compact making inter-particle contacts parts of the electric circuit. The initial resistance of the
inter-particle contacts is inherently high due to several reasons, including small diameter of the contact
spot and the presence of oxide films and inter-particle gaps. Processes occurring at inter-particle
contacts play a key role in the formation of bulk materials from separate powder particles and, thus,
require special attention. If pulsed current is applied, the contacts that complete the electric circuit
change with every pulse leading to uniform sintering [1]. The contact formation mechanisms between
particles of the same material during electric current-assisted sintering have been addressed in detail
in a number of studies [2–11]. Burenkov et al. [2,3] found evidence of electric erosion between metal
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particles during electric discharge sintering. Aman et al. [6] observed an unconventional morphology
of necks formed between copper particles during pressureless Spark Plasma Sintering (SPS) and
proposed an ejection mechanism of the inter-particle interactions. Modeling has shown that for fine
metallic particles, due to fast heat conduction into the particle volume, no local melting at the contacts
should be expected [8]. At the same time, the quality of contacts determines the thermal energy
involved in sintering of the compact as a whole. Chaim [11] has recently pointed out that it is correct
to discuss the plasma and spark effects for non-conducting materials only, as non-conducting particles
can accumulate electric charge. In electrically conducting materials, inter-particle contacts experience
excessive Joule heating. Furthermore, inter-particle contacts can be the sites of localized chemical
reactions. Vasiliev et al. [5] suggested that a high strength of porous zeolite monoliths produced by
SPS was due to strong inter-particle bonding established as a result of breakage and rearrangement of
chemical bonds in the corresponding areas.
For practical applications of SPS, it is necessary to study the interaction between particles in
real systems—multi-component powder mixtures. Certain steps have been made in this direction.
Interdiffusion between Ni and Cu particles occurring in three dimensions during SPS was described
by Rudinsky and Brochu [12]. Murakami et al. [13] studied the formation of compacts from Nb–Al,
Nb–Al–W and Nb–Al–W mixtures during SPS with a goal to understand the mechanisms involved in
the formation of dense sintered alloys. Kol’chinskii and Raichenko [14] obtained diffusion profiles
in the contact region between particles of Ni and Cu formed during electric discharge sintering
and laser treatment and found that the diffusion distances were twice as long as those predicted by
theoretical calculations without considering the highly localized evolution of heat at the inter-particle
contacts. The development of contacts between particles of dissimilar metals can be associated with the
formation of solid solutions and intermetallic compounds. Enhanced reaction kinetics in Fe–Al [15] and
Mo–Si [16] layered assemblies subjected to treatment in the SPS has been reported. Aiming at dense
composite ceramics, Wu et al. [17] compared the microstructure uniformity of ceramic composites
produced by pressure-assisted reactive SPS and HP and concluded that when compacts with close
relative densities were obtained, those sintered by SPS tended to be more homogeneous and of a finer
microstructure. This difference was attributed to high heating rates and short holding time in the
SPS method. However, the peculiarities of the inter-particle interactions in compacts consolidated
from binary mixtures of metals during pressureless SPS have not been investigated. In this work,
we present the evolution of particle morphology in Fe–Al mixtures under conditions of pressureless
SPS at 500–650 ˝C. We also make a comparison of the consolidation outcomes achieved by chemical
reaction-accompanied pressureless SPS and sintering in a hot press without the application of electric
current to the compact.
2. Materials and Methods
For conveniently tracing the morphology changes of the particles in the sintered compacts, Fe
and Al powders of spherical morphology were selected. Carbonyl iron (99%, 2.5–5 μm, “SyntezPKZh”,
Dzerzhinsk, Russia) and gas-atomized aluminum (99.9%, PAD-6, average size 6 μm, “VALKOM-PM”,
Volgograd, Russia) were used to prepare the Fe-40at.%Al mixtures. Spark Plasma Sintering was carried
out using a SPS Labox 1575 apparatus (SINTER LAND, Inc., Nagaoka, Japan). A graphite die of a
10-mm inner diameter and 50-mm outer diameter and short graphite punches of 10 mm diameter were
used. A schematic of the assembly used for the pressureless SPS experiments is shown in Figure 1.
The die wall was lined with a graphite foil. Circles of graphite foil were placed between the punch
and the sample. The temperature during the SPS was controlled by a K-type thermocouple NSF600
(CHINO, Tokyo, Japan) placed in the die wall at a depth of 5 mm. The maximum SPS-temperatures
were 500, 600, and 650 ˝C. The sample was held at the maximum temperature for 3 min and then was
cooled down to room temperature. Hot pressing (HP) experiments were conducted with and without
applied pressure at 650 ˝C with a holding time of 5 min. Heating of the sample in the hot press was
realized by using external heaters. The applied pressure during HP was 3 MPa. An additional 2 min
2
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of holding time were added in HP to ensure the uniform heating of the die. Both SPS and HP were
conducted in vacuum. The temperature during HP was controlled by a pyrometer focused on the die
wall. The heating rate was 50 ˝C¨min´1 in all SPS and HP experiments. Graphite foil was used in
HP experiments in a way similar to the SPS experiments. Loose packing of the Fe-40at.%Al powder
mixture corresponding to a density of 2 g¨cm´3 and a relative density of 38% was the initial state of
the samples before consolidation, if not stated otherwise. The powder mixture was poured into SPS or
HP graphite dies without any additional pressing step. A denser packing with a relative density of
65% was also used in several SPS experiments, which is specified in the specimens’ descriptions. Pure
Al and pure Fe compacts were obtained starting from loose packing of the corresponding powders.
During pressureless SPS and pressureless sintering in the hot press, the only load that the samples
experienced was caused by the weight of the upper punch. In pressureless SPS, the die supported a
certain pressure applied for electrical contact between the spacers to be established. Annealing of the
powder mixture in a tube furnace was conducted at 600 ˝C for 30 min in a flow of argon.
Figure 1. Schematic of the die/punch/spacer assembly used for pressureless Spark Plasma Sintering
(SPS) experiments: (1) graphite die; (2) short graphite punches; (3) powder sample; (4) graphite foil;
(5) graphite spacers.
The X-ray diffraction (XRD) patterns were recorded using a D8 ADVANCE diffractometer (Bruker AXS,
Karlsruhe, Germany) with Cu Kα radiation. The quantitative phase analysis was conducted using
Rietveld analysis of the XRD patterns in PowderCell 2.4 software [18]. The microstructure of the
compacts was studied by Scanning Electron Microscopy (SEM) using a Hitachi-Tabletop TM-1000 and
a Hitachi-3400S microscope (Hitachi, Tokyo, Japan). The latter is equipped with an Energy-Dispersive
Spectroscopy (EDS) unit (NORAN Spectral System 7, Thermo Fisher Scientific Inc., Waltham, MA,
USA). Secondary and back-scattered electron ((SE) and (BSE)) images were taken. Selective dissolution
treatment of the sintered materials was conducted using 20% NaOH solution at room temperature.
The open porosity of the sintered compacts was determined by filling pores with ethanol.
3. Results and Discussion
The ternary carbide AlFe3C was the first phase to form at the inter-particle contacts in the porous
compacts. The reflections of AlFe3C can be seen in the XRD pattern of the compact sintered at 500 ˝C
(Figure 2a). In compacts sintered at higher temperatures (Figure 2b–f), the AlFe3C phase was also
present as a minor phase. In the absence of carbon, Fe2Al5 was reported to form first upon heating of
Fe–Al mixtures [19,20]. There existed a possibility of carbon diffusing from the graphite foil, similar
to our previous work, in which Ni2W4C formed during SPS of Ni–W powders [21]. However, in
the present study, the main source of carbon was the carbonyl iron powder itself, as the product of
annealing of the Fe-40at.%Al mixtures in a flow of argon (with no external carbon sources introduced)
3
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also contained AlFe3C as a minor phase. The formation of AlFe3C in the products of reaction between
a carbonyl iron powder and an aluminum powder during vacuum annealing was also reported in
ref. [22]. The presence of the ternary carbide AlFe3C did not alter the phase sequence with increasing
temperature reported for the Fe–Al system in the literature. Moreover, unexpectedly, we gained a
means to show that surface layers of contacting Fe and Al particles already chemically interact during
SPS at 500 ˝C, although this interaction is not accompanied by any noticeable morphological changes.





































































































































































Figure 2. XRD patterns of the porous compacts obtained from Fe-40at.%Al mixtures by pressureless
SPS at (a) 500 ˝C (green density 65%); (b) 600 ˝C; (c) 600 ˝C (green density 65%); (d) 650 ˝C and by the
hot pressing technique at (e) 650 ˝C, pressureless experiment; (f) 650 ˝C, applied pressure 3 MPa.
As was pointed out by Japka [23], the skin layer of a carbonyl iron particle etches differently
compared with the rest of the particle, which is an indirect evidence of structural and chemical
differences between the skin layer and the particle volume. Indeed, considering the production process
4
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of carbonyl iron powders, the concentration of carbon in the surface layer of particles can be higher
than the volume-averaged value.
From the fracture surface of the porous compacts, we can trace the evolution of the inter-particle
contacts with temperature and observe the influence of green density and consolidation method of
the powder (Figure 3). The spherical morphology of iron and aluminum particles in the compact
sintered by SPS at 500 ˝C starting from a green density of 65% (Figure 3a) is largely maintained.
Indeed, intense reflections of the initial components—Al and Fe—can be seen on the corresponding
XRD pattern (Figure 2a). SEM did not reveal any evidence of local melting or erosion/melt ejection
processes during SPS (Figure 3a). The preserved particle morphology in compacts sintered from
loosely packed powders of Al (Figure 4a) and Fe (Figure 4b) powders separately at a temperature of
600 ˝C confirmed the absence of local melting effects, although both factors—loose initial packing
and a higher temperature—could have favored non-conventional inter-particle interactions under
applied current. These observations agree with modeling results of ref. [8], which showed that metallic
particles several micrometers in diameter cannot sustain the locality of overheating in the inter-particle
regions because of high thermal conductivity. In compacts sintered at 600 and 650 ˝C, because of
reaction advancement, it was not possible to define the neck regions in the reaction-sintered porous
compacts (Figure 3b–d), as it is usually done in compacts obtained from single-phase powders. The
Fe2Al5 phase formed in the compacts processed by SPS at 600 ˝C starting from loose packing, although
the initial reactants were still present (Figure 2b). A higher green density of the Fe-40at.%Al mixture
resulted in higher transformation degrees of the reactants at the same sintering temperature (Figure 2c).
This should be attributed to an increased number of the reaction initiation sites.
(a) (b)
(c) (d)
Figure 3. Fracture surface of porous compacts (BSE images) obtained from Fe-40at.%Al mixtures by
pressureless SPS (a) 500 ˝C (green density 65%); (b) 600 ˝C; (c) 650 ˝C; (d) sintered in a pressureless
experiment in the hot press at 650 ˝C.
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(a) (b)
Figure 4. Fracture surface of porous aluminum (a) and porous iron (b) obtained by pressureless SPS
at 600 ˝C.
An interesting observation made in the present study was the formation of particles with
shell morphology in the compacts produced by SPS experiencing early chemical interaction stages
(Figures 2b and 3b). The observed morphology of seemingly “broken” shells was not due to
fracturing of intact hollow particles (that could have been present in the as-sintered sample) during the
preparation of samples for SEM observations, as edges of the shells showed a variety of orientations
relative to the fracture surface. These shells did not show any specific orientation relative to the current
direction during SPS and were also observed on the flat ends of the disk-shaped compacts (Figure 5).
The flat ends of the compact were totally free from the graphite foil residue (no sticking occurred) and,
therefore, did not require any manipulations to prepare a SEM sample. In a study by Rufino et al. [24],
a fraction of the initially spherical Al particles showed cavities after heating in argon up to 700 ˝C, and
a reasonable explanation for that was shrinkage upon solidification of the aluminum melt. In those
experiments, the cavities had quite smooth edges unlike those of shells formed in the present study
(Figure 6a). The EDS mapping (Figure 7) confirms that these shells are partially reacted Al particles.
Some Al particles observed on the fracture surface and flat ends of the compacts are of a shape of
an apple bitten from different sides. It should be noted that mechanical integrity of the contacts
between particles is not maintained in the compacts sintered without the application of pressure from
loose packing.
Figure 5. BSE image of the flat end of the disk-shaped compact Spark Plasma Sintered at 600 ˝C under
pressureless conditions from a loosely packed Fe-40at.%Al mixture.
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(a) (b)
Figure 6. Morphology of the Al shells observed in the compacts formed by Fe-40at.%Al mixtures at
an early stage of chemical interaction (a) and microstructure of these compacts after treatment in 20%
NaOH solution (b); (a) SE image; (b) BSE image.
 
Figure 7. EDS mapping of particles with shell morphology observed in the compacts formed by
Fe-40at.%Al mixtures at an early stage of chemical interaction.
It was rather intriguing to look into the origin of the shell morphology. As comparative HP
experiments have shown, particles with shell morphology also formed in the compacts consolidated
without electric current (Figure 3d). The similarity of the compacts obtained by SPS and HP and
showing particles with shell morphology was the early interaction stage with free aluminum still
present (Figure 2b,e). As was reviewed by Anderson and Tracy [24], the synthesis of hollow particles
and porous materials based on the Kirkendall effect has been conducted in a variety of systems. In the
Fe–Al system, the Kirkendall pores form in places of Al particles, as Al rapidly diffuses into Fe and
participates in the formation of intermetallic phases. Therefore, it was concluded that the shape of the
Al particles observed in this study was due to preferential diffusion of Al into Fe and a further loss in
mechanical integrity of the contact between the Al and Fe particles. As Al shells were found in the
compacts produced by both SPS and HP, this morphology change was not caused by specific electric
current-related effects.
Based on the data presented in Reference [25] on the thickness of the product layers grown at
the interface between Fe and Al plates during SPS at 600 ˝C and a pressure of 5 MPa, we calculated
the thickness of the Al layer consumed in the reaction in these conditions. For a holding time at
the maximum temperature during SPS of 3 min, the thickness of the Al layer consumed in a planar
configuration of the interface is 13 μm. Considering the diameter of the Al particles used in the present
work, it may appear that the particles should have been fully consumed. However, in the configuration
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of Reference [25], the diffusion flow occurred in a single direction normal to the interface between the
plates. In the present work, Al diffused into contacting Fe particles in several directions and in three
dimensions. Furthermore, a loss in mechanical integrity of the inter-particle contacts can disrupt the
diffusion flows. Treatment in NaOH solution allowed revealing another possible contact evolution
scenario. The cores of the hollow particles with Fe2Al5 shells (Figure 6b) were the unreacted Al and,
thus, easily dissolved in alkaline solution. This morphology was possible to form when an Al particle
touched several Fe particles in the compact.
The FeAl was the major phase after SPS at 650 ˝C (Figure 2d), while the reaction has only started
by forming a small quantity of Fe2Al5 in the compact processed by pressureless HP at this (measured)
temperature (Figure 2e). Even applying a pressure during HP did not result in the same transformation
degree as was achieved during SPS (Figure 2d,f). Passing electric current through a mixture of powders
is used to initiate a combustion reaction for the synthesis of the target products, if the reaction mixture is
conductive [26]. In porous compacts, the inter-particle contacts have to carry high current densities [27],
which enhance the diffusion kinetics at the interfaces in the case of dissimilar contacts-contacts between
the reactants. As the calculated content of free iron in the compact Spark Plasma Sintered at 650 ˝C
from the Fe-40at.%Al mixtures was only 5 vol.%, it can be concluded that reactive SPS offers a very
fast synthesis route of porous FeAl-based materials. The open porosity in this compact (Figure 3c) was
42% of the total compact volume.
From a technological perspective, this work has shown that pressureless reactive SPS is a fast
synthesis method of porous Fe–Al intermetallics, which are promising high-temperature materials for
environmental applications, such as filtration of gases and liquids containing corrosive species. In our
experiments, we have also attempted reactive sintering of the Fe–Al mixtures using a SPS die/punch
configuration without the upper punch. We found that the absence of direct contact between the
compact and the punch causes significant gradients in the Fe–Al compacts, seen both in the phase
composition and microstructure. Therefore, in order to ensure the uniformity of the phase composition,
microstructure and pore structure of the FeAl porous intermetallic sintered by SPS, direct contacts
between the compact and the two punches should be maintained during sintering.
4. Conclusions
The features of interaction between particles of Fe and Al having diameters of several micrometers
forming a porous compact during pressureless SPS were studied. The phase evolution of the system
with temperature was traced. At early interaction stages, Al particles acquired shell morphology.
It was confirmed that the formation of shells was not related to the influence of electric current but
was due to the Kirkendall effect in the Fe–Al system and particle rearrangement in a porous compact.
No experimental evidence of local melting or erosion/melt ejection processes during SPS was found.
This study has shown that inter-particle interactions between particles of dissimilar materials
are more complex than interactions between particles of the same material during SPS in terms of
morphology evolution and morphological changes observed during SPS of reacting systems should be
carefully studied to separate the effects related to chemical interaction from those caused by passing
current, if any.
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Abstract: High porosity (>40 vol %) iron specimens with micro- and nanoscale isotropic pores were
fabricated by carrying out free pressureless spark plasma sintering (FPSPS) of submicron hollow Fe–N
powders at 750 ˝C. Ultra-fine porous microstructures are obtained by imposing high heating rates
during the preparation process. This specially designed approach not only avoids the extra procedures
of adding and removing space holders during the formation of porous structures, but also triggers
the continued phase transitions of the Fe–N system at relatively lower processing temperatures.
The compressive strength and energy absorption characteristics of the FPSPS processed specimens
are examined here to be correspondingly improved as a result of the refined microstructure.
Keywords: porous iron; hollow Fe–N powder; free pressureless spark plasma sintering;
compressive strength
1. Introduction
Porous metallic materials have attracted considerable attention because of their excellent structural
and functional properties [1,2]. For porous materials with a similar level of porosity, smaller pores size
can provide a larger specific surface and interfacial areas. Reducing pore size also helps to refine the
microstructure and improve the mechanical properties [3]. In the past several decades, various porous
metal materials have been developed and produced for the need of industrial applications, such as
energy absorption [4,5], weight reduction, energy conservation [6], damping noise reduction [7,8],
biomedical implants [9], and energy storage [10,11]. However, applications of porous metallic
materials have been limited due to their low mechanical properties and complicated preparation
process. In recent years, bulk iron-based porous materials have been considered the most promising
porous materials due to their excellent mechanical properties, low cost, and extensive application
backgrounds [2,12].
Most bulk porous iron-based materials are produced via casting or sintering processes [1,2].
Casting technologies include adding a blowing agent to the molten metal, freeze casting [13,14], and
directional solidification in hydrogen, nitrogen, or argon atmosphere [15,16]. Sintering techniques are
often used to fabricate isotropic porous metal materials. The porosity, pore size, and pore distribution
can be easily controlled during the sintering process by adding pore-forming agents [1,2]. Commonly
employed processes are mixing metal powders and space holders, pre-compaction in conventional
powder press, removal of space holders (or pore-forming agents), and sintering [17,18]. These space
holders or foaming agents include inorganic salt, organics, and titanium hydride (TiH2) [19–21].
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As a matter of fact, environmentally harmful gases and residues might be released into the matrix
during the removal of space holders, and the properties of the obtained final product could be
negatively influenced [18]. To keep the impacts of space holder as few as possible, rapid sintering
techniques have been used to fabricate metal foam materials from hollow metal particles and fibers, as
they are able to achieve required densification level in short periods of time even without using space
holders [22,23].
Spark plasma sintering (SPS), as an advanced sintering technology, is frequently used to
consolidate various ceramic and metal materials at relatively lower temperatures [24,25]. Recently,
this technique has been applied to produce porous materials through both free pressureless and
conventional setups with the aid of dissolutions of inorganic salt (such as NaCl) [26,27]. Moreover, due
to its rapid heating rate, this technique has also been widely applied in fabricating ultra-fine grained
materials [28]. One recent study found that the iron nitride powders can be used to fabricate porous
iron alloys with ultra-fine grains by conventional SPS, and that the continued Fe–N phase transition
process has an obvious effect on grain refinement and pore formation during the sintering process [29].
This study also confirmed that rapid sintering technology is able to fabricate ultra-fine porous metal
pellets using ultra-fine porous metal particles as raw materials.
In this study, submicron-sized hollow Fe–N particles were used to fabricate ultra-fine porous iron
specimens with high porosity but good mechanical properties via free pressureless spark plasma
sintering (FPSPS) at a maximum sintering temperature of 750 ˝C. Since the hollow structured
Fe–N powder is non-toxic, non-flammable, non-polluting, and chemically stable, the use of this
powder as a pore-forming agent can bypass the procedure of adding and removing inorganic or
organic space holders. The microstructure, phase composition, compressive properties, and energy
absorption capability of the obtained products were evaluated and compared to previous reported
data. The FPSPS manufacturing of ultra-fine porous iron is here shown to be simple, manageable, and
environmentally friendly.
2. Results and Discussion
The synthesized Fe–N powders consist of uniformly submicron iron nitride particles and these
particles are extremely agglomerated (Figure 1a). A few pores on the surface of Fe–N powders can
be identified through careful examination. The ε-Fe3N and ζ-Fe2N are the main phase compositions
of the Fe–N powder based on the X-ray diffraction pattern (Figure 1b). There are no peaks of iron
oxide and iron presenting on the X-ray diffraction pattern, which indicates that all iron oxide powders
have been completely reduced and nitrided by ammonia. The TEM investigation gives more details
of morphological and structural features of the Fe–N powder. A typical TEM bright field image
of agglomerated Fe–N powders is shown in Figure 1c. It can be seen that the Fe–N powder has
an irregular geometrical shape and particle size ranging from 300 to 500 nm. Since there are brighter
areas in the Fe–N particle, the Fe–N powder is shown to have a porous or hollow structure, as black
areas usually indicate a fully dense structure in a TEM image. This porous structure was most likely
formed during reduction and nitrodation reactions. A thin layer of nitrides was first generated on the
powder surface, and the ammonia kept reacting with the internal substance by penetrating into the
powder. Large volumes of gas were released during the reduction process, and these gases were not
able to escape to the powder surface within a short period of time. Therefore, residual gas bubbles
were trapped in the powder and formed the hollow porous structure.
Figure 1d shows the nitrogen adsorption–desorption isotherm and a Barrett–Joyner–Halenda
(BJH) pore size distribution of the Fe–N powders. The isotherm shows significant hysteresis, which
also indicates the particular characteristics of the fine structure and strong adsorption of the powder.
The strong adsorption observed at P/P0 close to 1.0 is a result of the accessible large pores in the Fe–N
particles. The average pore size in the Fe–N powder was measured to be around 89.8 nm by the BJH
method, which is in a good agreement with the above-mentioned TEM results. The maximum BET
surface area and the maximum pore volume were 1.598 m2/g and 0.036 m3/g, respectively. All of the
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above-mentioned results support the fact that the Fe–N powder has a hollow porous structure and
large specific surface area.
Table 1 summarizes the pre-compaction pressure, density, and porosity of green compacts as well
as those of sintered specimens. Most pores were retained in the sintered specimens under the FPSPS
conditions, and the porosity of the sintered specimens increased with decreasing pre-compaction
pressure. After being sintered, approximately 10%–15% of the pores were eliminated with the volume
shrinkage. The volume shrinkage mainly came from the reduction of inter-particle pores as a result of
inter-particle neck formation and growth during FPSPS.
 
Figure 1. Hollow structure of Fe–N particles: (a) SEM image; (b) XRD pattern; (c) TEM image;
(d) Adsorption–desorption isotherm and pore size distribution (inset) of Fe–N powder.











20 2.5 64 3.69 53
40 3.0 57 4.17 47
60 3.2 54 4.40 44
Figure 2 shows the XRD patterns and SEM micrographs of the polished cross section of the
sintered specimens. The main composition of the sintered specimen is α-Fe (Figure 2a). As shown
in Figure 2b–d, the specimens sintered by FPSPS under different pressures have showed completely
different microstructures and pore characteristics. A large number of isotropic pores on a micro- and
nanoscale were formed and evenly distributed in the matrix materials, which effectively prevented
grain growth and contributed to the finer framework structure.
As one can see, the inter-particle necks were easy to form and grow during the FPSPS process.
The increase of pre-compaction pressure contributed to the formation of close-pore structures in
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sintered specimens (Figure 2b,c). Further, open-pore structures with micro-/nano-pores seemed to be
easily observed in the specimens sintered from relatively lower density green compacts (Figure 2d).
According to Figures 1b and 2a, and the Fe–N phase transformation process [29], the Fe2N or Fe3N can
gradually transform into Fe4N, Fe(N), and Fe as the sintering temperature increases to 750 ˝C. This
transform process also indicates that the nitrogen gas can be produced continually during Fe–N phase
transformation. This gas can help to facilitate the formation of pores and prevent grain growing if they
are not released in time. Therefore, the porosities in sintered specimens mainly come from inner-particle
and the Fe–N phase transformation process, while few come from the inter-particle. In addition,
the rapid heating rate, the relatively lower sintering temperature, and the short holding time also
contributed to the slow grain growth and facilitated the formation of the ultra-fine porous structure.
 
Figure 2. XRD pattern (a) and SEM micrographs of porous iron with different porosity: (b) 44%; (c) 47%;
and (d) 53%.
The mechanical properties of the ultra-fine microstructure porous iron were examined by uniaxial
compressive tests at room temperature. The obtained compressive stress–strain curves are illustrated
in Figure 3. These curves have the same evolution tendency and exhibit the typical behavior of ductile
porous metal materials [17,18]. The difference is that these curves have not distinguished collapse
plateau stage and are only characterized by two regions: In the first linear portion, the compressive
stress increases rapidly with increasing strain until the yield point appears at a strain of about 4%.
After yield, the compressive stress–strain curves of the porous sintered iron show a gentle ramping
up stage, where the stress increases slowly in response to the increase in strain, which indicates
a long-term limited deformation strengthening process [30].
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Figure 3. Room temperature uniaxial compressive stress–strain curves of porous iron prepared by
pressureless SPS.
The compressive properties and energy absorption properties of sintered specimens are shown
in Table 2. It is apparent that either increasing relative density or decreasing porosity corresponds
to an increase in Young’s modulus and yield strength of the sintered porous iron (Table 2). Young’s
modulus was measured and calculated from reloading curves after unloading prior to visible plastic
deformation. The compressive yield strength was measured as the intercept of tangents taken from the
adjacent pre- and post-yield point of the stress–strain curve [17]. The compressive strength is strongly
dependent upon the microstructure of the sintered specimens, and the ultra-fine microstructure
improves the resistance capability of the porous iron with the bending and the buckling of the “struts”.
In addition, the Young’s modulus of the sintered specimens increased from 3.14 GPa to 4.29 GPa with
an increasing density from 3.69 g/cm3 to 4.40 g/cm3.
Room temperature compressive properties can be expressed, based on the Gibson–Ashby models







m “ CEES p1 ´ pqm (1)





“ Cσσsp1 ´ pqk (2)
where σs and Es are the compressive yield strength and Young’s modulus of the bulk material, ρ˚{ρs is
the relative density of the foam, p is the porosity, C are the scaling factors, and m and k are the constants.
By fitting Equations (1) and (2) with the experimental data (Table 2), the constants in Equations (1)
and (2) were optimized to represent the compressive Young’s modulus (Ef ) and yield strength (σf ) of
the sintered specimens as a function of the relative density (ρ˚{ρs) to produce Equations (3) and (4).





“ 13.5p1 ´ pq2 (3)





“ 1250p1 ´ pq3 (4)
In Equation (3), the computed results are in a good agreement with the Gibson–Ashby models
using a solid modulus Es of 200 GPa for iron or steel, for which the value of CE « 0.07 is found, and
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the scaling factor (CE) is lower than the magnitude of the reported values of the scaling factors of
the Fe-based foams (0.1–0.3) [17]. This is an indication of a comparatively lower resistance to elastic
deflection. From Equation (4), the fitting of the yield strength was not in good agreement with the
Gibson–Ashby models. The resulting Cσσs “ 1250 MPa, which fitted the experimental data, was much
larger than the values of other Fe-based foams (Cσσs ă 345 MPa) [17]. This indicates that the strength
of the matrix material was greatly improved by refining the microstructure. Such an enhancement
is directly related to the grain size, which is smaller in the case of the FPSPS-sintered Fe-based
porous materials.
On the contrary, the large numbers of pores uniformly distributed in the iron matrix effectively
prevented grain growth and contributed to the formation of a finer framework structure (Figure 2).
Thus, the yield strength of the framework was improved remarkably by reducing the grain size.
The energy absorption capacity per unit mass (W) and the energy absorption efficiency (η) were










where ρ˚ is the density of the porous iron, εm is the given strain, σm is the corresponding compressive
stress, σ is the compressive stress as a function of strain ε, and η is the efficiency of the absorbed energy.
The absorbed energy per unit mass and the efficiency of energy absorption of the sintered specimens
during dynamic compression are shown in Table 2.











W kJ/kg η %
44 4.29 223.1 593.0 45.9 37.20 60.0
47 3.83 178.8 602.0 48.7 39.08 55.6
53 3.14 134.7 456.9 45.8 32.57 57.6
The energy absorption of the porous iron is higher than that of other sintered iron foams with
isotropic pores (<30 kJ/kg) [30,31], whereas the energy absorption efficiency of the porous iron is close
to 60%. This is mainly because of the higher yield strength and a wider strain range in the long gently
stress region (Figure 3). In the dynamic compression of the sintered specimens with 44%, 47%, and 53%
porosity at room temperature, the absorbed energy reaches 37.2, 39.08, and 32.57 kJ/kg, respectively.
These energy absorption characteristics of sintered specimens are caused by the two different
deformation specifics originating from micro- and nanoscale isotropic pores and matrix metals.
In general, for porous metals with isotropic pores, high absorbed energy and high energy absorption
efficiency cannot be attained at the same time [30]. Generally, pores are considered defects in solid
materials; however, a uniform distribution large number of micro- and nanoscale isotropic pores in
the matrix can also have a strengthening effect on the matrix materials by preventing dislocation
movement and inhibiting grain growth. These effects are very similar to dispersion strengthening
or second-phase strengthening [32]. The energy absorption characteristics can be simultaneously
improved along with the matrix strengthening.
3. Materials and Methods
The Fe–N powder utilized in the present study was synthesized using ammonia reduction and
nitridation of commercial iron oxide powders (99%, 300 nm, Chengdu Jingke Materials Ltd., Chengdu,
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China) at 600 ˝C for 3 h. The obtained Fe–N powder has an average particle size around 300–500 nm.
Weighted Fe–N powders were poured into a 15.3-mm graphite die (I-85 graphite, Electrodes Inc.,
Santa Fe Spring, CA, USA), whose inner wall had been previously lined with 0.15-mm-thick graphitized
paper. Two 15-mm cylindrical graphite punches were used to pre-compact the loaded powder at room
temperature within the 15.3-mm die (see Figure 4a). In order to obtain green compacts with different
initial densities, the Fe–N powders were pre-compacted under different axial pressures of 20 MPa,
40 MPa, and 60 MPa. After that, these cylindrical graphite punches were removed from the die, and
two T-shape graphite punches were placed back to form the free pressureless SPS setup (see Figure 4b).
All free pressureless SPS experiments were conducted in a vacuum using a Dr. Sinter SPSS-515 furnace
(Fuji Electronic Industrial Co., Ltd., Kawasaki, Japan) [25].
The heating profile is illustrated in Figure 1c: The specimen was first heated up from room
temperature to peak temperature at a heating rate of 150˝/min and then followed by a 5-min isothermal
holding stage in the vacuum (<1 Pa). A 3-kN minimum contact pressure between the die and the
T-shape punches was maintained to ensure that the pulsed DC current could go through the tooling
components and heat them up rapidly through the Joule heating effect [33]. The maximum processing
temperature was selected as 750 ˝C, as ultra-fine porous structure could be obtained at this temperature
according to the Fe–N phase transformation diagram in [29]. The real-time temperature during the
SPS process was measured by a K-type thermocouple inserted into a 3-mm depth hole in the middle
point of the lateral surface of the graphite die (Figure 4b).
 
Figure 4. Schematics of the preparation process of porous iron. (a) Pre-compaction; (b) pressureless
SPS process; (c) temperature profile used in the pressureless SPS process.
The initial densities of the green compacts were calculated by means of a geometrical method,
and the densities of the sintered specimens were measured by means of a water immersion method.
The specific surface area (SSA) and pore size distribution of the raw Fe–N powders were determined
by nitrogen adsorption–desorption at 77 K using Barrett–Joyner–Halenda (BJH) methods (Quadrasorb.
S.I., Quantachrome Instruments, Boynton Beach, FL, USA) after degassing samples at 300 ˝C for 3 h.
The microstructures of Fe–N powders were observed using transmission electron microscopy (TEM,
JEM-2100F, JEOL Ltd., Tokyo, Japan) with an accelerating voltage of 200 kV. The microstructures of
sintered specimens were observed using scanning electron microscopy (SEM, Quanta 450, FEI Corp.,
Hillsboro, OR, USA) after etching their cross-sectional areas with 5 vol % Nital. The phase composition
of powder and sintered specimens were examined by X-ray diffraction (XRD, X’ pert pro, PANalytical
B.V., Almelo, The Netherlands) with Cu K-alpha radiation. The Bragg angles were adjusted in the
range of 30˝–90˝ for the samples with a scanning rate of 5˝/min. The compressive properties of
sintered specimens were tested with a uniaxial compression test using a mechanical properties testing
system (WDW-200, Changchun Kexin Test Instrument Co., Ltd., Chuangchun, China) with a loading
rate of 5 mm/min.
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4. Conclusions
In summary, ultra-fine microstructure porous irons with high porosity (>40%) were successfully
fabricated by free pressureless SPS at 750 ˝C using submicron hollow structured Fe–N particles
as raw materials. The entire process was environmentally friendly by eliminating the procedures
of extra adding and removing space holds. After rapid sintering, a large number of micro- and
nano-scaled isotropic pores were formed and evenly distributed in the matrix materials. The continuous
Fe–N phase transformation contributed to the formation of the ultra-fine porous structure. The high
porosity in the sintered specimens mainly came from the pores in particles, and between particles, and
produced during phase transitions in the Fe–N system. These micro- and nano-sized pores and phase
transformations in the Fe–N system effectively inhibited grain growth at lower sintering temperatures
and markedly refined the microstructure of the matrix materials. The compression stress–strain curves
showed a high yield strength and wide strain range with a smooth plateau. Consequently, the energy
absorption capability and efficiency were largely improved compared to other metallic foams with
isotropic pores.
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27. Łazińska, M.; Durejko, T.; Lipiński, S.; Polkowski, W.; Czujko, T.; Varin, R.A. Porous graded FeAl intermetallic
foams fabricated by sintering process using NaCl space holders. Mater. Sci. Eng. 2015, 636, 407–414.
[CrossRef]
28. Keller, C.; Tabalaiev, K.; Marnier, G.; Noudem, J.; Sauvage, X.; Hug, E. Influence of spark plasma sintering
conditions on the sintering and functional properties of an ultra-fine grained 316L stainless steel obtained
from ball-milled powder. Mater. Sci. Eng. 2016, 665, 125–134. [CrossRef]
29. Cui, G.; Wei, X.; Olevsky, E.A.; German, R.M.; Chen, J. Preparation of high performance bulk Fe–N alloy by
spark plasma sintering. Mater. Des. 2016, 90, 115–121. [CrossRef]
30. Song, Y.H.; Tane, M.; Nakajima, H. Dynamic and quasi-static compression of porous carbon steel S30C and
S45C with directional pores. Mater. Sci. Eng. 2012, 534, 504–513. [CrossRef]
31. Song, Y.H.; Tane, M.; Nakajima, H. Appearance of a plateau stress region during dynamic compressive
deformation of porous carbon steel with directional pores. Scr. Mater. 2011, 64, 797–800. [CrossRef]
32. Bhadeshia, H.K.D.H.; Honeycombe, S.R. Steels: Microstructure and Properties, 3rd ed.; Elsevier Ltd.: Oxford,
UK, 2006; pp. 17–38.
33. Meng, J.; Loh, N.H.; Tay, B.Y.; Tor, S.B.; Fu, G.; Khor, K.A.; Yu, L. Pressureless spark plasma sintering of
alumina micro-channel part produced by micro powder injection molding. Scr. Mater. 2011, 64, 237–240.
[CrossRef]
© 2016 by the authors; licensee MDPI, Basel, Switzerland. This article is an open access





Spark Plasma Co-Sintering of Mechanically Milled
Tool Steel and High Speed Steel Powders
Massimo Pellizzari 1,*, Anna Fedrizzi 2 and Mario Zadra 3
1 Department of Industrial Engineering, University of Trento, via Sommarive 9, Trento 38123, Italy
2 Iveco Defence Vehicles, Product Development & Engineering, via Volta 6, Bolzano 39100, Italy;
anna.fedrizzi@cnhind.com
3 K4Sint, via Dante 300–B.I.C., Pergine Valsugana 38057, Italy; mario.zadra@k4sint.com
* Correspondence: massimo.pellizzari@unitn.it; Tel.: +39-0461-282449
Academic Editor: Eugene A. Olevsky
Received: 15 May 2016; Accepted: 9 June 2016; Published: 16 June 2016
Abstract: Hot work tool steel (AISI H13) and high speed steel (AISI M3:2) powders were successfully
co-sintered to produce hybrid tool steels that have properties and microstructures that can be
modulated for specific applications. To promote co-sintering, which is made difficult by the various
densification kinetics of the two steels, the particle sizes and structures were refined by mechanical
milling (MM). Near full density samples (>99.5%) showing very fine and homogeneous microstructure
were obtained using spark plasma sintering (SPS). The density of the blends (20, 40, 60, 80 wt % H13)
was in agreement with the linear rule of mixtures. Their hardness showed a positive deviation, which
could be ascribed to the strengthening effect of the secondary particles altering the stress distribution
during indentation. A toughening of the M3:2-rich blends could be explained in view of the crack
deviation and crack arrest exerted by the H13 particles.
Keywords: mechanical milling; hot work tool steel; high speed steel; spark plasma sintering
1. Introduction
Materials for tooling applications, such as tool steels, require a proper compromise between
hardness and toughness to provide high wear resistance combined with adequate resistance to cracking.
An increased wear resistance often comes at the expense of other properties, such as impact and fracture
toughness. The possibility to produce hybrid materials with tailored properties in view of the specific
application considered has been proposed as a valuable solution to overcome this problem [1–3].
Powder metallurgy (PM) is a technology that is suited to producing metal matrix composites
(MMC). These materials consist of a tough metal matrix that is reinforced by a fine dispersion of
hard particles (i.e., carbides, nitrides, borides). To improve the resistance against grooving wear, hard
particles must be larger than the abrasive medium [4], but as the hard particle size increases, the tensile
and bending strengths of the MMC drastically decrease [5]. To minimize these negative effects, Berns
et al. first proposed to reinforce the metal matrix with a harder steel instead of a ceramic material [5,6].
According to Berns’ considerations, the present authors also investigated the properties of a hybrid
tool steel produced using spark plasma co-sintering (SPS) of a hot worked tool steel (HWTS) and a
high speed steel (HSS) [7,8]. SPS is an electric field assisted technology in which a uniaxial pressure
combined with a pulsed direct current are applied to produce fully dense materials in a shorter time
and at a lower temperature than hot isostatic pressing [9–11].
Previous works showed that it is possible to modulate the hybrid steel properties by changing the
composition of the blend [7,8]. However, the co-sintering behaviour of the two steels highlighted a
detrimental interaction of the two components and hinders densification [8]. Specifically, the HWTS
sinters at a slightly lower temperature than the HSS. The densification of the HSS component is, thus,
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hindered by the already sintered HWTS skeleton, resulting in the formation of large pores and a
considerable decrease in the hardness and toughness. In this respect, a beneficial effect has been
demonstrated through the use of small diameter particles, which minimize the interaction between the
two components, and the blends achieve nearly full density and good properties [8,12,13].
Mechanical milling (MM) can be successfully used to reduce both the particle size and crystallite
size [14–19]. These refinements enhance the sintering process, allowing the production of highly
dense materials with better mechanical properties [18,19]. MM can be performed using different
technologies [14–16]. In a planetary ball mill, the refinement results from the continuous impacts
occurring between the powder particles and balls in the vial. During this high-energy process, the
particles are repeatedly flattened, cold welded and fragmented [15]. All of these phenomena are
responsible for the morphological and microstructural evolution of the powder [14–17], which can be
summarized as follows. In the early stage, the soft and ductile metal particles are easily cold welded
by the ball impacts and form large aggregates. This process increases the particle size and considerably
changes the particle morphology, which becomes more flat and elongated than in the as-atomized
state [15,17]. As the milling process proceeds, the powder particles are continuously strain hardened,
becoming progressively less ductile. As a result, their fragmentation by brittle fracture is observed.
In this stage, fragmentation prevails over cold welding so that the particle size begins to decrease
and the powder shape becomes round again [15,16]. When the particle size becomes too small, the
powder particles tend to aggregate again. The system then reaches an equilibrium state in which the
agglomerative force and the fragmentation force are balanced. At this optimum stage, the particle size
distribution is quite narrow and the mean particle size remains constant at the minimum value [15,16].
In this work, HWTS and HSS powders were mechanically milled to refine their particle size and
microstructure. These MM powders were then blended to produce fully dense hybrid steels with
different compositions. The blends and two base steels were consolidated using SPS to preserve the
fine microstructure obtained during milling [18]. The density, hardness, toughness and microstructure
were investigated and compared to those of unmilled blends [8].
2. Materials and Methods
Two commercial gas atomized powders, corresponding to standard grades AISI H13 and AISI
M3:2 were used as HWTS and HSS, respectively. Their chemical composition is listed in Table 1.
Table 1. Nominal composition of the powders (wt %).
Material C W Mo Cr V Mn Si O N Fe
AISI H13 0.41 - 1.60 5.10 1.10 0.35 0.90 0.0105 0.0383 Bal.
AISI M3:2 1.28 6.40 5.00 4.20 3.10 - - 0.0163 0.0559 Bal.
The starting powders were spherical with 94 wt % of the particles and a diameter less than
350 μm. In both cases, the typical dendritic microstructure produced by rapid solidification could be
observed [20].
The route to produce the hybrid tool steel using MM and SPS is schematically represented in
Figure 1. The MM was conducted in a Fritsch Pulverisette 6 planetary mono mill at 450 rpm under
vacuum. Spheres of 100Cr6 (63HRC) with 10-mm diameters were used, and the ball-to-powder ratio
was set to 10:1. To avoid overheating, cycles of 2 min on and 9 min off were used for a total milling
time of 1000 min (500 cycles). These parameters were demonstrated to produce an optimum particle
size and grain refinement in H13 [20]. The cumulative particle size distribution of the powders was
measured using a “Partica LA-950®” (Horiba LTD, Kyoto, Japan) Laser Diffraction/Scattering Particle
Size Distribution Analyzer. X-ray diffraction, using both Cu-kα and Mo-kα radiations, was used to
identify the phase constitution of base powders and sintered materials.
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Figure 1. Schematic of the processing route to produce the hybrid tool steel by mechanical milling
and SPS.
Conversely, a similar systematic study of the milling conditions for M3:2 was not carried out and
this grade was milled using the same parameters for H13. Two different milling runs were carried
out for H13 and M3:2. Due to the lack of a suited protection system the powders pick up oxygen and
nitrogen when opening the mill vial. The content of these two elements was measured using a LECO
TC 400 Analyzer (LECO Corporation, St. Joseph, MI, USA).
Six samples containing different fractions of the two base materials were sintered (Table 2). The
blended powders were mixed in a Turbola Mixer for 20 min.
Table 2. Composition and coding of the samples.
Sample Code
Composition (Weight Fraction)







Samples were finally consolidated in a DR. SINTER® SPS1050 apparatus (Sumitomo Coal &
Mining Co. Ltd., now SPS Syntex Inc., Tokyo, Japan). Disks with diameters of 30 mm and a 5-mm
height were produced in graphite dies. SPS was carried out at 1100 ˝C with 1 min of isothermal
holding at this temperature and final free cooling. The heating rate was 50 ˝C/min, and a compressive
load of 42 kN, which corresponds to a pressure of 60 MPa, was applied once the temperature reached
600 ˝C. These sintering conditions were selected according to a previous study on the SPS of the
as-atomized AISI H13 and AISI M3:2 powders [12]. The holding time was reduced to 1 min only to
limit grain growth.
The density was measured using Archimedes’ principle according to ASTM B962-08 [21]. The
relative density was calculated on the basis of the absolute density of the two MM materials measured
using a pycnometer (ρMM-H13 = 7.71 g/cm3, ρMM-M3:2 = 7.97 g/cm3). The absolute densities of the
four blends were calculated according to the linear rule of mixtures. After standard metallographic
preparation and chemical etching, the microstructure of the milled powders and that of sintered
materials was observed using scanning electron microscopy (ESEM, Philips model XL30, Philips,
Eindhoven, The Netherlands).
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All samples were vacuum heat treated by austenitizing at 1050 ˝C for 15 min and using 5 bar-N2
gas quenching and double tempering at 625 ˝C for 2 h each. Hardness was measured using a HV10
scale according to ASTM E92-82 [22]. The apparent fracture toughness, Ka, was determined using
a procedure proposed for small fracture toughness specimens [23]. Notch the depth (a) with root
radii (ρ) of 50 μm was electro-discharge machined in 6 ˆ 3 ˆ 30 mm3 (W ˆ B ˆ L) specimens. The
ratio of the notch depth to the specimen width (a/W) was set at 0.5. Static fracture toughness testing
was performed using a 10-ton capacity universal tester. The specimens were loaded in three-point
bending at a crosshead speed of 0.5 mm/min according to ASTM E399 [24]. The properties of the
current samples were compared with those of samples produced using unmilled powders [8].
3. Results
3.1. Mechanical Milling
A strong particle size refinement is observed in both steels as a result of the MM. The particle size
distribution (Figure 2) demonstrates a decrease in the mean size from more than 100 μm (115 μm for
H13, 123 mm for M3:2) to less than 20 μm (14.6 for H13, 18.3 for M3:2).
Figure 2. Particle size distribution of base as-atomized and mechanically milled powders.
After only 100 cycles, the two powders showed a round morphology. This morphology did not
change during the later stages of the process, as demonstrated by the powders milled for 500 cycles
(Figure 3a,b).
A metallographic cross section highlights that some porosity was found inside the particles
due to the repeated cold welding and fragmentation phenomena occurring during MM [14–16].
The same effects are also responsible for the disruption of the original inner solidification structure
occurring by the stretching and deformation of the dendrites, leading to the formation of a lamellar
microstructure [16,17]. As the milling time increased, the lamellae became closer and closer until the
microstructure appeared to be fully homogenized. At the end of milling, no more traces of lamellar
microstructure could be seen in the AISI H13 (Figure 3c). Conversely, the lower deformation of
the MM-M3:2 particles still shows traces of a dendritic structure (see marked regions in Figure 3d),
confirming that the MM conditions are far from the optimum and that a greater milling time must be
considered to obtain better homogeneity.
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Figure 3. Microstructure (SEM) of the powders (a) AISI H13 and (b) AISI M3:2 milled for
500 cycles. Metallographic cross section of the same powders (c) AISI H13 and (d) AISI M3:2 at
a greater magnification.
Furthermore, MM was demonstrated to produce a strong structural refinement. A previous study
showed that after 500 cycles, the crystallite size, which was measured by X-ray diffraction analysis,
decreased from 74 nm to 12 nm in MM-H13 and that, according to the high dislocation density
introduced during strain hardening, the hardness increased form 830 HV to 1380 HV [20]. Similarly,
the crystallite size of M3:2 decreases from 50 nm to 14 nm in MM-M3:2. Moreover, in both steels, MM
promotes the full strain induced transformation of retained austenite (Figure 4). Therefore, MM brings
the material to a considerably greater free energy level compared with the original as-atomized state,
i.e., more distant from equilibrium, which is a very good starting condition for the faster sintering
kinetics of difficult-to-sinter materials, such as those investigated here.
Figure 4. X-ray diffraction patterns for as-atomized and MM (a) AISI H13 and (b) AISI M3:2 powders.
3.2. Spark Plasma Sintering
3.2.1. Densification
The absolute density of the MM samples linearly decreased as the weight fraction of AISI H13 (i.e.,
the component with the lower density) increased (Figure 5), which is in good agreement with the linear
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rule of mixtures. The relative density was calculated as the ratio to the density of the milled powders
measured using a pycnometer. Because the milled powders have some internal porosity, especially
milled AISI M3:2, these measures are thought to be lower than the theoretical density of the two MM
steels. Therefore, the relative density values of the MM materials can be slightly greater than the
real values, particularly for specimens with a greater amount of HSS, i.e., MM-M3:2, MM-20H13 and
MM-40H13. In any case, the present data confirm that all of the MM samples achieve near full density.
 
Figure 5. Density and relative density of the sintered specimens as a function of AISI H13 content.
In the case of specimens fabricated using as-atomized powders, the relative density of all blends
was less than the density of the two base steels, and all of these blends did not achieve the theoretical
density predicted by the linear rule of mixtures. These specimens presented a large amount of porosity,
which could be attributed to the different sintering kinetics of the two steels [8]. The sintering process
of the as-atomized AISI H13 began at a lower temperature than in AISI M3:2, so the subsequent
densification of the HSS was hindered by the presence of a rigid AISI H13 skeleton [8]. The present
results confirm that this interaction is significantly minimized after reducing the particle size by MM.
Indeed, small AISI H13 particles are less detrimental for achieving a high density because they exert a
lower constraint on the AISI M3:2 sintering.
A confirmation can be found in the graph displaying the first derivative of the punch displacement
during SPS as a function of temperature (Figure 6).
For a more detailed explanation of the form of this curve, the reader should see the authors’
previous papers [8,12,13]. For the purpose of the present discussion, it should be noted that this
curve can be representative of the densification rate. When comparing the curves of the MM and
as-atomized steels, the MM steel curves are observed to be shifted to a lower temperature, meaning
that densification is activated by the milling process. The densification rate of the MM steels is very
high, even at a low temperature (700 ˝C), where the rate of the atomized samples is practically zero.
Furthermore, whereas the densification rate abruptly drops at 1050 ˝C, which is where the densification
process of the MM steels is practically concluded, the same does not occur for the atomized steels.
Finally, the curves of the MM steels are much closer, which is synonymous with having similar
densification kinetics.
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Figure 6. The lower punch displacement during the SPS of MM and the as-atomized base steels.
3.2.2. Microstructure
After SPS the particles of the two steels are very well dispersed and the microstructures of
the blends are quite homogeneous (Figure 7). The reduction in the particle size, especially of the
largest particles, results in a more uniform microstructure than that produced using unmilled powders.
Furthermore, in agreement with the density data, the MM-blends do not show any appreciable porosity
which is instead very evident in the as atomized blends (Figure 5) [8].
 
Figure 7. Microstructure of hybrid tool steels (SEM-BSE): MM-20H13 (a); MM-40H13 (b); MM-60H13
(c) and MM-80H13 (d). Light and dark regions correspond to M3:2 and H13, respectively.
A closer look at the microstructure of the two base steels shows a much finer grain size compared
with as-atomized samples [20]. The grain size indicates that recrystallization occurred during sintering
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but also that that grain growth could be limited to obtain an average grain size of 0.94 μm and 0.75 μm
for H13 (Figure 8a) and M3:2 (Figure 8b), respectively. The present result confirms the suitability of SPS
as an evaluable method for the consolidation of nanostructured powders. A quite impressive result is
the very fine and homogeneous dispersion of MC (grey particles) and M6C (white particles) carbides
in MM-M3:2, which are very effective in ensuring a very small and uniform grain size after sintering.
Comparing the XRD patterns in Figures 4b and 9 it can be inferred that these carbides precipitate
during sintering. The positive influence of MM, in this respect, can be inferred from the microstructure
of the larger HSS particles, which showed a less deformed inner part compared with the smaller
particles. After sintering, the microstructure in the core region (1 in Figure 10) demonstrates a less
intense carbide precipitation than in the outer shell (2 in Figure 10), resulting in a coarser grain size.
 
Figure 8. Microstructure of the two base MM steels (a) H13; (b) M3:2.
Figure 9. X-ray diffraction pattern for sintered M3:2.
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Figure 10. Microstructure of the hybrid tool steel showing the H13 and M3:2 regions. Please note the
different grain sizes and carbide distributions in the outer (2) and inner (1) M3:2 particle regions due to
the different extent of plastic deformation after milling (see also Figure 3d).
In co-sintered steels, this is reflected in a further interesting result, which is the refinement of the
grain size of the H13 neighbouring the HSS particle, i.e., showing the smallest grain size. In other
words, the grain growth in H13 is constrained by the grain boundaries of M3:2.
3.2.3. Hardness
The hardness of the MM samples was measured in the as-sintered and the heat-treated state
(Figure 11). The high values in the as-sintered state are representative of the primary martensite
microstructure forming during the post-SPS cooling stage. As discussed previously, the sintered
samples still show the effects of MM, which are reflected in a greater hardness than the as-atomized
ones. The temperature-time combination used for sintering plausibly preserves part of the straining
effect previously induced by MM so that the hardness of the as-sintered samples (892 HV for M3:2 and
693 HV for H13) is approximately 75 HV greater than that of as-atomized samples (817 HV for M3:2
and 62 7 HV for H13). Further investigation is needed to distinguish any possible influence of the finer
grain size from that of dislocations.
 
Figure 11. Hardness of the as-sintered and heat-treated hybrid tool steels.
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The hardness becomes considerably less after quenching and tempering at 600 ˝C to obtain the
required balance between the hardness and toughness. Tempering above the secondary hardness peak
was shown to substantially hide the structural modifications induced by the MM so that the atomized
and MM samples of the two base steels show the same hardness [25].
As expected, a lower hardness was observed in AISI H13 due to the lower content of carbon
and alloying elements (Table 1), which results in the formation of a softer martensite and a lower
amount of carbides. The four MM blends achieve greater hardness values than those predicted by
the linear rule of mixtures (dashed line in Figure 11). Previous investigations demonstrated that
the dispersion of hard particles in the metal matrix increases the flow resistance and improves the
hardness [26]. Furthermore, the investigation of the correlation between the hardness and the tensile
strength highlighted that the slight improvement of the tensile strength resulting from the addition of
hard particles may correspond to a comparatively greater increase in the hardness [27]. The greater
work hardening of the MMCs could be traced back to the local compression of the metallic matrix and
the greater concentration of hard particles in the loaded area [27]. The dispersion of hard particles
also changes the stress distribution during loading so that stresses greater than the yield stress of the
matrix are developed from the initial stage of indentation [26]. Further loading continuously increases
the stress and strain in the matrix, causing further work hardening. Consequently, the MMCs show
a greater work hardening rate than the metal matrix. For the blends present, the dispersion of the
particles of a second constituent cause a similar modification of the stress field, resulting in increased
work hardening of the matrix. Conversely, all of the blends produced by the as-atomized powders
show a negative deviation from the rule of mixtures highlighting the negative influence of the poor
densification [8].
3.2.4. Fracture Toughness
Figure 12 shows the apparent toughness of the MM samples. MM-M3:2 shows less toughness than
MM-H13 according to its microstructure and greater hardness. The four MM blends achieve apparent
toughness values between those of the two base steels. The values of the two blends containing a
greater fraction of AISI H13 (i.e., MM-80H13 and MM-60H13) are close to those predicted by the linear
rule of mixtures (dashed line in Figure 12). Although the authors are aware that the fracture toughness
of composite materials cannot be simply predicted by the rule of mixtures, the value calculated
in this way is reported to highlight the theoretical reference behaviour of a mechanical mix of the
two powders.
In MM-40H13 and MM-20H13, the addition of AISI H13 provides a positive deviation from the
rule of mixtures, indicating a beneficial influence far beyond that expected by simple mechanical
mixing. The reason for the relatively greater toughness of MM-40H13 and MM-20H13 has to be found
in the mutual interaction between the two different powders. In the authors’ previous experience, AISI
H13 produced by SPS generally shows interparticle fractures, resulting in a rough fracture surface [7,8].
Indeed, the same effect can play a toughening role when AISI H13 particles are placed in a less tough
matrix. During fracture propagation, the H13 particles force the crack to deviate along their surface
(details A in Figure 13a) instead of crossing the M3:2 particles (details B in Figure 13a).
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Figure 12. Apparent fracture toughness of tool steels from atomized and mechanically milled powders
as a function of the AISI H13 content.
Figure 13. Cross sectional view of the fracture surfaces of (a) MM-20H13; (b) MM-40H13 and (c)
MM-60% H13.
This makes the crack path more winding and dissipates more energy, resulting in increased
toughness. This explanation is in good agreement with the extent of the observed deviation, which
decreases from 20% to 60% H13. By increasing the H13 content, the interparticle spacing progressively
decreases, making the crack path less tortuous. In MM-80H13, the HWTS particles are practically
interconnected and there is no benefit with respect to the fracture toughness that can be appreciated.
Moreover, the H13 particles also act as a barrier against crack propagation (detail C in Figure 13c),
suggesting a second possible toughening effect. Conversely, the M3:2 particles do not similarly obstruct
the propagation of the crack in the H13-rich blends. Due to the lower toughness, intraparticle cracking
is observed in M3:2 such that the crack in H13 proceeds almost straight across them without any
toughening effect. Hence the toughness of blends with high H13 fraction decreases according to the
linear rule of mixture.
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Compared with the as-atomized materials (empty symbols in Figure 12), the apparent toughness
of MM-M3:2 decreases from 46 Mpa¨ M1/2 to 34 Mpa¨ M1/2 and that of MM-H13 from 77 Mpa¨ M1/2 to
58 Mpa¨ M1/2. This can be explained in view of the oxygen pick-up shown by the powders after MM
(Table 3).
Table 3. Oxygen and nitrogen content in the MM powders.
Material O (wt %) N (wt %)
MM-H13 powder 0.1702 0.0978
MM-M3:2 powder 0.1391 0.0950
Due to the lack of a suited insulation system, during post-milling operations (e.g., the delivery
of powders to the SPS unit) the contact of highly reactive powders with the environment cannot
be avoided, and the oxygen content increased almost one order of magnitude compared with the
as-atomized powders (Table 1). The surface of the powders was covered by a thin oxide layer that
impairs consolidation during sintering and reduces toughness [7,8,28]. This result suggests that if the
oxygen content did not increase, the toughness of all of the MM materials would be 10–20 Mpa¨ M1/2
greater. However, despite of the negative effect of the greater oxygen content, all of the MM blends
show greater toughness than the as-atomized blends, which exhibit a greater porosity. It can be
concluded that the high porosity due to poor densification is more detrimental for toughness than
a high oxygen content. In other words, as far as the present results are concerned, the benefits on
densification by MM largely compensate for the detrimental effect of the greater oxygen content.
Unquestionably, proper systems aimed at reducing oxidation could bring more benefits than those
shown in this research.
4. Conclusions
Hybrid tool steels were successfully produced by mechanical milling and spark plasma sintering
of AISI H13 and AISI M3:2 powders. MM markedly reduced the particle size, which minimized the
negative influence of the different densification kinetics of the two steels. A high refinement and
homogeneous microstructure could be observed for MM-H13, whilst the milling parameters still need
to be improved for M3:2. Additionally, near full dense samples (relative density >99.5%) could be
sintered for any blend composition.
The results obtained confirm that the properties of the hybrid steel can be modulated by changing
the blend composition. The density, hardness and apparent toughness of the blends fall between the
values measured for the two base steels according to the H13/M3:2 content. The density values are in
good agreement with those predicted by the linear rule of mixtures. Indeed, the hardness of the blends
is slightly greater because of the modified stress field distribution in the composite material and the
greater local fraction of particles in the plastically deformed steel matrix. An interesting toughening
effect by the H13 particles was observed in the MM-M3:2-rich blends. The beneficial effect could
be ascribed to two different contributions, namely, the crack deviation and crack arrest exerted by
well-dispersed (not interconnected) H13 particles.
The lack of suitable protection against oxidation for MM powders during post-milling operations
caused a sharp increase in the oxygen content, resulting in a marked decrease in the toughness for
the two base steels. Their toughness is much less than the samples produced using the as-atomized
powders. In spite of this, the toughness of the MM-blends is greater than that of the as-atomized
blends because the positive influence of a greater density largely compensates for the detrimental
influence of the greater oxygen content.
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Abstract: A combination of the high damage tolerance of TRIP-steel and the extremely low
thermal conductivity of partially stabilized zirconia (PSZ) can provide controlled thermal-mechanical
properties to sandwich-shaped composite specimens comprising these materials. Sintering the
(TRIP-steel-PSZ)/PSZ sandwich in a single step is very difficult due to differences in the sintering
temperature and densification kinetics of the composite and the ceramic powders. In the present study,
we successfully applied a two-step approach involving separate SPS consolidation of pure (3Y)-TZP
and composites containing 20 vol % TRIP-steel, 40 vol % Al2O3 and 40 vol % (3Y)-TZP ceramic
phase, and subsequent diffusion joining of both sintered components in an SPS apparatus. The
microstructure and properties of the sintered and bonded specimens were characterized. No defects
at the interface between the TZP and the composite after joining in the 1050–1150 ˝C temperature
range were observed. Only limited grain growth occurred during joining, while crystallite size,
hardness, shear strength and the fraction of the monoclinic phase in the TZP ceramic virtually did
not change. The slight increase of the TZP layer’s fracture toughness with the joining temperature
was attributed to the effect of grain size on transformation toughening.
Keywords: fracture toughness; hardness; partially stabilized zirconia (PSZ); shear strength; solid state
bonding; phase transformation; spark plasma sintering (SPS); TRIP steel; yttria-stabilized tetragonal
zirconia polycrystal ((3Y)-TZP)
1. Introduction
Below 1170 ˝C, zirconia transforms from the tetragonal phase into a monoclinic structure,
accompanied by a volume expansion of 3%–5%. In partially stabilized ZrO2 (by Y2O3, for instance),
the tetragonal phase is metastable and displays stress-induced martensitic transformation into the
monoclinic structure [1]. In the Nature manuscript named “Ceramic steel?” in 1975, the authors
called partially stabilized zirconia “a ceramic analogue of steel” [2]. The toughness of zirconia
realized upon such stress-induced transformation was analogously related to that observed in
TRIP (transformation-induced plasticity)-steels [2,3]. TRIP-steels exhibit the phase transformation of
metastable austenite into α’–martensite during plastic deformation. This phase transformation is called
the TRIP-effect and depends on the chemical composition of the steel, temperature and strain rate.
Over recent decades, interest in the fabrication of metal-matrix composites based on TRIP-steels
has steadily grown, due to their outstanding properties [4–9]. These steels offer a matrix material
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presenting a combination of suitable plasticity, high strength and reasonable energy absorption capacity
for use as appropriate candidates for high mechanical load applications, such as in structural and
safety automotive parts, such as crash absorbers, for instance [4–7]. The unique combination of the
TRIP effect in the steel matrix and the transformation toughening of partially stabilized zirconia allows
for the creation of composite materials with high damage tolerance [9]. The properties of TRIP-matrix
composites with partially stabilized zirconia as a reinforcement were previously addressed [8].
For some applications, such as thermal barriers, the combination of the high damage tolerance
of the composites and the extremely low thermal conductivity of pure partially stabilized zirconia
may provide sandwich-shaped specimens with controlled thermal-mechanical properties. Among
the possible processing techniques for the fabrication of sandwich-shaped specimens from metal and
ceramic powders, spark plasma sintering (SPS) has proven to be a suitable approach. SPS is widely
used for the consolidation of ceramics [10–15], metals [16–18], intermetallics [19–21] and various
composites [22–24]. Accordingly, the properties of composites comprising a high-alloy TRIP-steel
reinforced with Al2O3, Mg-PSZ or Y-TZP fabricated using SPS have been studied [8,25–31]. However,
sintering of a (TRIP-steel-ceramic)/ceramic sandwich in a single step is very difficult due to differences
in sintering temperature and the densification kinetics of the composite and the ceramic powders.
On the other hand, an SPS apparatus has been successfully employed for the joining of similar and
dissimilar materials [32–36]. The remarkable advantages of SPS joining, as compared to hot pressing
and hot isostatic pressing, have been previously described [34,35]. Recently, the optimal parameters
(i.e., temperature, holding time and applied pressure) for diffusion bonding of various ceramics
(e.g., alumina, silicon carbide, boron carbide and magnesium aluminate spinel) using an SPS apparatus
were discussed [37]. Yb- and Y-doped α-SiAlON ceramics were effectively diffusion-bonded by an SPS
apparatus in less than 20 min at 1650–1700 ˝C. It was concluded that α-SiAlON grain growth across
the joining interfaces modified the joint microstructures so as to secure high bonding strength [38]. The
interaction between TRIP-steel and PSZ, particularly the interface phenomena in the TRIP-steel/PSZ
system, was investigated using TEM/HRTEM and electron spectroscopy [31]. Grain boundaries
between TRIP-steel and PSZ grains of the SPS-processed composite as well as the interface between
the PSZ films and TRIP-steel substrate were characterized and compared. It was thus established that
the deposited PSZ film was free of cracks and partly coherent with the TRIP substrate. In contrast to
the thin film sample, no pronounced heteroepitaxy and/or distinct orientation relationship between
TRIP-steel and PSZ grains was observed in the SPS-processed samples. Nevertheless, dislocation
clusters and intersecting stacking faults were observed at the grain boundaries.
In the present study, we applied a two-step approach to obtain sandwich-shaped specimens
that included separate SPS consolidation of the pure (3Y)-TZP and composites containing 20 vol %
TRIP-steel, 40 vol % Al2O3 and 40 vol % (3Y)-TZP ceramic phase (hereafter, composites),
and the subsequent diffusion joining of both sintered components in the same SPS apparatus.
The microstructure and properties of the sintered and bonded specimens were characterized.
2. Results
2.1. Powder Consolidation in SPS
In Figure 1a, the microstructure of the SPS-consolidated (3Y)-TZP specimen is shown. The
measured relative density of the (3Y)-TZP samples was 98.4%. Various properties of the (3Y)-TZP
ceramic after SPS are shown in Table 1. The microstructure of the sintered composite is shown in
Figure 1b. Bright TRIP-steel grains can be seen throughout the ceramic matrix.
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Figure 1. Microstructure of SPS-consolidated specimens: (a) (3Y)-TZP; (b) composite.
Table 1. Properties of the (3Y)-TZP ceramic and composite.
Property Value
Grain size (d50) of (3Y)-TZP 208 nm
Grain size (d90) of (3Y)-TZP 339 nm
Mean crystallite size of (3Y)-TZP 60 nm
Mean crystallite size of the (3Y)-TZP phase in the composite layer 70 nm
Fraction of the monoclinic phase in (3Y)-TZP <1 vol %
Hardness of (3Y)-TZP 13.2 GPa
Hardness of the composite 10.4 GPa
Indentation fracture toughness (KIc) of (3Y)-TZP 5.3 MPam0.5
2.2. Solid-State Joining in SPS
2.2.1. (3Y)-TZP/(3Y)-TZP Joining
SPS-sintered (3Y)-TZP specimens were self-joined at 1150 ˝C for 120 min. The HR-SEM image
of a slightly etched surface (Figure 2) shows the sub-micron equiaxed zirconia grain structure. The
bonding area, marked by a dash-dot red line, is continuous, with no boundary/seam being obtained.
 
Figure 2. HR-SEM image of a (3Y)-TZP/(3Y)-TZP bonding area cross-section.
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Non-destructive analysis of the joint using ultrasonic waves showed no detachments. A graphical
representation of the ultrasonic test results can be seen in Figure 3. Each area unit was scanned and the
reflection results were translated into a colorimetric/numeric scale, where good bonding is indicated
by lower numbers (blue color on the scale) and poor bonding is indicated by higher numbers (red
color on the scale). Most of the bonding area, except for some alterations at the sample periphery,
showed excellent bonding quality.
Figure 3. Non-destructive (ultrasonic) analysis of an SPS-joined (3Y)-TZP/(3Y)-TZP specimen.
Ultrasonic wave reflections were translated into a colorimetric/numeric/scale reflecting bonding
quality (0/blue: high bonding quality, 10/red: low bonding quality).
2.2.2. Composite/(3Y)-TZP Joining
The main problem with the single-step sintering of steel-ceramic/ceramic sandwich structures
derives from the different sintering temperatures and kinetics of the metal and ceramic components.
Due to the fact that carbon from the graphite die diffuses into the steel, leading to a reduction in the
melting point, the sintering temperature of the steel/ceramic composite is limited to 1150 ˝C. However,
significantly higher temperatures (about 1350–1450 ˝C) are necessary to achieve fully dense (3Y)-TZP.
To overcome this problem, solid-state bonding of the sintered composite with a ceramic content of
80 vol % to the sintered (3Y)-TZP part was applied (Figure 4a). No cracks or voids were observed at
the bonding interface (Figure 4b).
 
Figure 4. Joining a sintered composite (80 vol % ceramic) to a sintered TZP sample: (a) illustration;
(b) SEM image of the bonding interface (the upper part is the (3Y)-TZP).
A typical microstructure of the (3Y)-TZP layer after joining for 120 min at 1150 ˝C is shown
in Figure 5.
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Figure 5. SEM image of a thermally etched surface of the (3Y)-TZP PSZ layer.
Only limited grain growth (from the initial 208 nm to 226 nm after joining at 1150 ˝C) occurred
during joining, while the crystallite size (as revealed by XRD analysis) and the fraction of the
monoclinic phase in the TZP ceramic virtually did not change. This means that the martensitic
phase transformation from the tetragonal to the monocline structure in the pure TZP did not occur
during the joining process. The representative XRD patterns assessed before and after the joining of
(3Y)-TZP are shown in Figure 6. The results are in agreement with data reported by Ruiz et al. [39],
where significant grain growth and change of phase composition appeared only after isothermal heat
treatment at temperatures above 1550 ˝C.
Figure 6. Representative XRD patterns of (3Y)-TZP taken before and after joining at 1150 ˝C.
38
Materials 2016, 9, 558
The hardness values (Figure 7a) and the shear strengths for broken SPS-bonded samples (Figure 8)
likewise did not change during joining, although the fracture toughness of the TZP slightly increased
with the increased joining temperature (Figure 7b). This phenomenon may be attributed to the effect
of grain size on transformation toughening [40]. Above a critical grain size, tetragonal grains would
spontaneously transform into the monocline structure [39–42]. However, the temperature for critical
grain growth was not achieved during bonding.
  
Figure 7. Hardness (a) and fracture toughness (b) of the TZP layer.
Figure 8. Shear strength of the SPS-bonded specimens plotted against joining temperature.
3. Materials and Methods
3.1. Materials
The composite (20 vol % TRIP-steel, 40 vol % Al2O3 and 40 vol % (3Y)-TZP ceramic phase) was
synthesized from high alloy austenitic CrMnNi-TRIP-steel (Table 2), alumina and yttria-stabilized
zirconia powders. Median particle size of the steel powder was about 17 μm. Alumina (Pengda,
Munich, Germany) and (3Y)-TZP ceramic powder (3 mole % yttria-stabilized zirconia, TOSOH, Tokyo,
Japan) had median particle sizes of 0.49 μm and 40 nm, respectively.
Table 2. Chemical composition of CrMnNi-TRIP-steel.
Element Fe C Cr Mn Ni Mo Si S N
Wt.% bal. 0.031 13.50 6.49 5.73 0.07 0.48 0.007 0.034
For composite fabrication, the powders were mixed in a planetary ball mill (Pulverisette 5, Fritsch
GmbH, Idar-Oberstein, Germany) under high-energy ball milling conditions for 2 h. The ball material
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was hardened Cr-steel, the ball diameter was 25 mm, the powder to ball ratio was 1:10 and the rotating
speed was 180 rpm.
3.2. Processing
Specimens were fabricated in a two-step process. First, TRIP-steel/Al2O3-(3Y)-TZP composite
and pure (3Y)-TZP specimens were sintered separately. The powders were consolidated as cylindrical
bodies with 20 mm diameter using the SPS technique in FCT-HP D 25/2-2 apparatus. Pure (3Y)-TZP
and composite samples had a final height of approximately 3 mm.
The (3Y)-TZP powder was sintered at 1400 ˝C under uniaxial pressure of 60 MPa for holding time
of 5 min. The heating and cooling rates were 100 K/min. The (3Y)-TZP specimens were self-joined in
the SPS apparatus at 1150 ˝C with a holding time of 120 min under an argon atmosphere (10´2 torr)
and a uniaxial pressure of 16 MPa. The composite was consolidated at 1150 ˝C for a holding time of
10 min under a pressure of 60 MPa.
The mating surfaces of the samples before joining were prepared by conventional metallographic
technique on a 1 μm diamond paste (Struers Nap B) stage, cleaned in acetone and dried in air. The
samples were placed in a graphite die with 20 mm inner and 40 mm outer diameters and inserted into
the SPS apparatus (FCT–HP D5/1 System, Rauenstein, Germany) for joining. Composite and PSZ
specimens were SPS-joined at 1050, 1100 and 1150 ˝C, respectively, with holding time of 120 min under
an argon atmosphere (10´2 torr) and a uniaxial pressure of 16 MPa. The temperature was measured by
a pyrometer focused on the upper graphite punch. Pulse-mode DC current (pulse 5 ms and pause 2 ms)
was used throughout the joining experiments. The cooling rate after bonding was about 12 K/min.
3.3. Characterization
Determination of the density of the samples was achieved using the Archimedes method in
distilled water. Quantitative phase analysis was carried out by XRD measurement (Cu-Kα radiation).
Phase compositions were estimated using the Rietveld method.
Microstructure was characterized by scanning electron microscopy (SEM). Sample surfaces were
ground and polished to a 1 μm diamond finish followed by vibratory polishing for 24 h. After
polishing, the prepared ceramic samples were thermally etched at 950 ˝C for 1 h. Subsequently, grain
size and size distribution were determined by the linear intercept method on more than three SEM
micrographs, such that over 900 intercepted grains were considered for each condition.
The quality of the (3Y)-TZP/(3Y)-TZP joined region was tested by ultrasonic measurement using
a 15 MHz pulse/receiver probe with 3.157 mm diameter (V260, Panametrics, Houston, TX, USA).
Joined specimens were divided into squares with an area of about 9 mm2 (3 mm ˆ 3 mm) each. The
specimens were scanned with the transducer and the resulting reflections were documented according
to the known sound speed in the tested material and specimen thickness. Reflections from the bonding
area and those from the bottom of the tested specimen were collected, classified qualitatively and
translated according to a colorimetric scale (blue to red) and numeric scale (ranging from 0 to 10,
indicating well and poor bonding quality, respectively).
The maximal shear forces needed for fracture of the composite/(3Y)-TZP bonded specimens
were determined using an LRX Plus apparatus (Lloyd Instruments, Fareham Hants, UK). The shear
test specimen and tools are shown in Figure 9. Test specimen dimensions were 5 ˆ 5 ˆ 6 mm3
(width ˆ length ˆ height). The test tools consisted of the static block, into which the specimen was
mounted, and the moving block. When mounted into the testing apparatus prior to testing, the static
block was placed on the static portion of the apparatus, while its dynamic portion was adjusted to the
moving block of the tool. Four specimens were examined for each processing parameter tested.
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Figure 9. Shear test tools and specimen. (a) Test specimen, dimensions 5 ˆ 5 ˆ 6 mm3; (b) test tools
and specimen; (c) test tools and specimen before and after mounting, full views; (d) test tools and
specimen before and after mounting, cross-section views; (e) testing apparatus with mounted tools.
The fracture toughness of the (3Y)-TZP specimens after sintering and joining was investigated by
the indentation method. The applied indentation load P was 98.07 N. Crack lengths were measured
using an optical microscope. The fracture toughness KIc (MPam0.5) was calculated from the equation
















where HV is the Vickers hardness, E is Young’s modulus, a represents the half length of the indentation
diagonal, l is the mean Palmqvist crack length and ϕ is a pseudo-constant. The value of ϕ depends on
the ratio between Young’s modulus and the uniaxial yield stress (E{σY), as well as Poisson’s ratio ν; ϕ
is reported in literature to be 2.7–3 for most ceramic materials [44]. Assuming that ϕ “ 2.7 and Vickers








It should be noted that Equation (2) is applicable for Palmqvist cracks only. At low crack-to-indent
ratios, the dominantly formed crack geometry are Palmqvist cracks, typically showing a ratio la À 1.5.
At higher loads, crack geometry changes to halfpenny-shaped cracks (radial-median cracks) showing
a ratio la Á 2.5. Within the range 1.5 À l{a À 2.5, both crack systems can occur. Accordingly to
the literature, Y-TZP ceramics preferentially crack in the Palmqvist rather than in the halfpenny
mode [45,46].
Hardness was calculated from crack-free Vickers indentations generated at a lower applied
indentation load of 4.90 N.
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4. Conclusions
A two-stage fabrication approach was employed to obtain a sandwich-shaped specimen consisting
of a high-alloy TRIP-steel/Al2O3-(3Y)-TZP composite and a (3Y)-TZP layer. The composite and ceramic
specimens were separately consolidated and joined using SPS.
‚ No evidence of cracks or voids was observed at the composite/TZP interface.
‚ Limited grain growth from the initial 208 nm to 226 nm after joining at 1150 ˝C occurred during
joining. The crystallite size and the fraction of the monoclinic phase in the Y-TZP ceramic virtually
did not change.
‚ The hardness values and the shear force for broken SPS-bonded samples did not change during
joining. Slightly increased fracture toughness of the TZP-layer with increased joining temperatures
was attributed to the effect of grain size on transformation toughening.
‚ SPS was proven to be an effective technique for sintering and solid-state joining of ceramics and
metal/ceramic composites.
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Abstract: In this study we report on the sintering behavior, microstructure and electrical properties
of Al-doped ZnO ceramics containing 0–0.2 wt. % graphene sheets (AZO-GNSs) and processed using
spark plasma sintering (SPS). Our results show that the addition of <0.25 wt. % GNSs enhances both
the relative density and the electrical resistivity of AZO ceramics. In terms of the microstructure,
the GNSs are distributed at grain boundaries. In addition, the GNSs are also present between ZnO
and secondary phases (e.g., ZnAl2O4) and likely contribute to the measured enhancement of Hall
mobility (up to 105.1 cm2¨ V´1¨ s´1) in these AZO ceramics. The minimum resistivity of the AZO-GNS
composite ceramics is 3.1 ˆ 10´4 Ω¨ cm which compares favorably to the value of AZO ceramics
which typically have a resistivity of 1.7 ˆ 10´3 Ω¨ cm.
Keywords: graphene nanosheets; Al-doped-ZnO; electrical properties; spark plasma sintering
1. Introduction
The Li-ion batteries using liquid or organic electrolytes have been widely investigated for
the application in electric vehicles(EV) and backup uninterruptible power supply (UPS) systems.
Challenges in terms of scale-up and guaranteed safety have been proposed by many researchers.
Therefore, all-solid-state batteries (ASSB) have been designed which show significant improvements
in energy density and safety relative to those of commonly used organic liquid and polymer-based
lithium-ion batteries. In a related work, Baek et al. [1] fabricated an all-solid-state lithium rechargeable
battery with both the electrode and electrolyte processed by spark plasma sintering (SPS). The battery
is characterized by a carefully designed architecture with a good lithium diffusion percolation path and
low solid contact resistance without any defects and undesirable reactions arising from the sintering
method. The more widely used solid-state synthesis of ABBS attaches much importance to synthesizing
cathode materials.
As a result of the excellent electrical and optical properties [2], transition metal oxide–based
materials have found widespread applications in electrode active materials, such as Ni-MH cells,
lithium cells, solar cells, and fuel cells, due to their high electrochemical activity [3]. Recently, transition
metal oxides have evolved as potential electrode materials for lithium-based batteries due to their
higher theoretical capacity and non-reactive properties relative to those of conventional carbon-based
materials. Among the transition metal oxides, ZnO possesses numerous advantages, such as low
cost, manufacturability and environmental inertness [4]. As such, zinc oxide is a promising substitute
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for conventional graphite anodes in lithium-ion batteries due to its superior theoretical capacity
(978 mAh¨ g´1) which compares favorably to the theoretical capacity of graphite (372 mAh¨ g´1) [5].
ZnO is a well-known wide band gap (3.37 eV) semiconductor with a large binding energy (60 meV)
and a proven capacity for reversible electrochemical Li storage [6,7]. Feng et al. [8] reported that ZnO
nanoplates used as anodes for Li-ion batteries exhibited a very high capacity of ~680 mAh¨ g´1,
with continuous fading for a stable capacity of ~180 mAh¨ g´1. Recently, Bresser et al. [9] utilized
ZnO nanoparticles as anode materials for lithium-ion batteries and reported a reversible capacity of
~700 mAh¨ g´1 in the first cycle, but it rapidly faded during subsequent charge-discharge cycles before
stabilizing at ~260 mAh¨ g´1. Hence, on the basis of these published results, it is evident that ZnO
is an attractive candidate material for anodes because of its inherent properties, which include low
reversible capacity and a severe capacity fading response. There are, however, important technical
barriers that need to be addressed before ZnO can be successfully used as anodes, such as a low
electrical conductivity, which hinders the practical application of ZnO-based anodes in lithium-ion
batteries [10].
When used as anodes for Li-ion batteries, graphene-based metal oxides display significantly
improved performance in terms of cycling stability and rate capability [11–14]. Furthermore, published
results suggest that graphene nanosheets may enhance the electronic conductivity of the overall
electrode, as well as stabilize the microstructure of metal oxides during cycles [15–17]. These effective
methods have also shown much impact on the improvement of the electrochemical performance for
ZnO. In one study, metal-doped ZnO nanoparticles and carbon-based composites (e.g., carbon-coated
ZnO nanorods) [18,19] were prepared for use as anodes in lithium-ion batteries. Moreover, other
studies have shown that the electrochemical performance is significantly improved by the substitution
of zinc by iron within the wurtzite lattice with a reversible capacity of ~410 mAh¨ g´1 after 100 cycles
compared to pure zinc oxide of ~260 mAh¨ g´1 [9]. In addition, in a related study, a Li-ion cell assembly
was prepared consisting of a ZnO multiwalled carbon nanotube nanocomposite free-standing anode
and a Li metal cathode, and the results reveal an excellent discharge capacity, remaining as high as
460 mAh¨ g´1 after 100 cycles [20]. Thus, it is evident that ZnO-based ceramics should be investigated
as promising anode materials for all-solid-state lithium rechargeable batteries.
In view of the above discussion, the present work was motivated by the following three questions.
First, what is the feasibility of using spark plasma sintering (SPS) to fabricate AZO-GNSs composite
ceramics? Second, what are the corresponding densification behavior, microstructure characteristics
and electrical properties? Third, what are the underlying mechanisms that govern the electrical
response and what is the influence, if any, of the spatial distribution of GNS?
2. Experimental Procedures
Graphene nanosheets produced using a modified Hummer’s method, were purchased from
NANO XF (Nanjing, China). The resultant platelets were approximately 0.8–1.2 nm in thickness
and 0.5–2 mm in length. As-received AZO nanoparticles (Huzheng Nanotechnology Co. Ltd.,
Shanghai, China) were used in this study. The composition of the AZO nanoparticles is Al2O3/ZnO
of 2/98 (mol %); purity > 99.9%; specific surface area of 30–50 m2/g; apparent density of 1.21 g/cm3;
average particle size of 80~100 nm; and resistivity of 1.2 ˆ 10´1 Ω¨ m.
The as-received GNSs were dispersed in a solution of dimethyl formamide (DMF) with ultrasonic
agitation for 1 h. Then, AZO powders were added to these slurries at GNSs ratios of 0, 0.025, 0.05, 0.1
and 0.2 wt. %, and further sonicated for 30 min. The compounds were then milled at 300 rpm by a
planetary ball mill (QM-3SP2, Nanjing, China) for 24 h with a weight ratio of ball to powder of 3:2,
and DMF as a solvent. The composite powders were then dried at 100 ˝C using a vacuum drying
oven for 24 h. The composite powders were loaded into a 20-mm-diameter graphite die inside the
SPS furnace (SPS-1050, Tokyo, Japan). A piece of graphitic paper was placed between the punch and
powder in order to facilitate removal of the sintered sample. Subsequently, the composite powders
were sintered at 900 ˝C, 1000 ˝C, 1100 ˝C and 1200 ˝C from room temperature with a temperature rate
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of 100 ˝C/min. The applied uniaxial pressure was 40 MPa and dwell time was 3 min under a vacuum
of 20 Pa. The temperature was monitored using an infrared instrument during the sintering process.
The obtained bulk with the GNSs content of 0, 0.025, 0.05, 0.1 and 0.2 are hereby designated as AZO,
AZO-0.025G, AZO-0.05G, AZO-0.1G and AZO-0.2G, respectively.
The density of AZO-GNSs composite ceramics were measured via Archimedes’ method using
deionized water immersion, and the relative density was calculated by taking the theoretical density
of AZO as 5.67 g/cm3. The carrier concentration, Hall mobility and resistivity of AZO ceramics were
measured at room temperature using the Hall measurement system (Accent, HL5500PC, Hertfordshire,
UK) according to the van der Pauw method [21]. The microstructures of the sintered ceramics were
observed by field emission scanning electron microscopy (FESEM, 20 kV, FEI Quanta FEG250, Hillsboro,
OR, USA) and a high-resolution transmission electron microscopy (JEM-2100F STEM, Tokyo, Japan),
The average grain size was measured by the intercept-line method, using 1.225 as the stereological
correction factor. Approximately 200 grains were used for each data set reported [22].
3. Results
3.1. Phase Composition and Microstructure of AZO-G Composite Nanoparticles
Figure 1a shows the XRD patterns for AZO-0.05G composites nanoparticles following ball milling
for 24 h. It can be observed that all diffraction peaks are consistent with those of ZnO (PDF #36-1451),
with a quartzite structure indicating only one crystalline phase related to ZnO. The peaks of GNSs in
XRD patterns are not observed due to the ultra-low percentage of GNSs in the as-prepared composite
powders. A macroscopic view of the AZO nanoparticles after ball milling with 0.025 wt. % GNSs
is evident in Figure 2a. The grain size of AZO-0.025G composite nanoparticles is approximately
100 nm. The thin transparent GNSs are not observed in AZO-0.025G composite powders and
there are no obvious agglomerations in the composite powder after ultrasonication and ball milling.
The microstructure of AZO-0.05G and AZO-0.1G composite powders is shown in Figure 2b,c. In the
case of the AZO-0.05G composite powders, the transparency indicates that the thin platelets contained
only a few graphene nanosheets. The graphene nanosheets are well distributed throughout the
AZO-0.05G powder and reveal no agglomeration. However, in the case of a high volume of GNSs,
as in AZO-0.1G, agglomerates of graphene nanosheets were observed in some regions. An example
of large agglomerates of segregated GNSs in AZO-0.1G composite powder is shown in Figure 2c by
the arrow.
Figure 1. XRD patterns of AZO-0.05G composite powder.
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Figure 2. SEM images of composite powders: (a) AZO-0.025G; (b) AZO-0.05G; (c) AZO-0.1G.
3.2. Relative Density and Grain Size of Composite Ceramics
Table 1 shows the relative density and grain size of the AZO-G composite ceramics for different
sintering temperatures and with different GNSs contents. The relative density of pure AZO ceramic
increases as the sintering temperature varies from 1000 to 1200 ˝C and it attains a maximum value at
the sintering temperature of 1200 ˝C. However, in the case of the AZO-0.025G composite ceramics, the
relative density increases from 98.3% to 99.2% when the sintering temperature increases from 1000 to
1100 ˝C. Increasing the temperature to 1200 ˝C, however, leads to a decrease in the relative density of
the AZO-0.025G composite ceramics. Furthermore, the AZO-G composite ceramics with 0.025 wt. %
GNSs attain the highest relative density at the sintering temperature of 1100 ˝C. It can be seen from
Table 1 that the relative density of AZO-G composite ceramics decreases slightly with the increase of
GNSs, and this is attributed to the agglomeration of the graphene nanosheets.
The AZO-0.025G composite ceramic exhibits limited grain refinement, as shown in Table 1.
The average grain size of AZO-0.025G composite ceramics sintered at 1100 ˝C is 2.8 μm. A well-known
response of GNSs during sintering is a phenomenon described as grain wrapping [23], where GNSs act
as diffusion barriers and hence effectively pin the grains by wrapping themselves around them. In the
case of lower volume fractions of GNSs (e.g., AZO-0.025G), only a few grains are wrapped and pinned.
Although partial grain pinning may lead to a decrease in the grain size, it also promotes abnormal grain
growth in AZO. This phenomenon, which leads to grain refinement in some regions and abnormal
grain growth in others, has been reported in other studies [24]. From Reference [24], it is clear that
Al2O3/graphene composites show no significant grain refinement with the graphene volume fraction
of 5%. However, with the increase of the volume fraction of graphene from 5% to 15%, the grain size for
Al2O3/graphene has been significantly decreased. As another example, TaC/graphene composites [25]
exhibit a limited grain refinement with the addition of graphene (1 vol. %) and a sharply decreased
grain size of TaC/graphene composites with the addition of graphene (3 and 5 vol. %). Similarly, the
extent of grain refinement is significant when the volume fraction of GNSs is increased in our work.
The average grain size of AZO-0.05G and AZO-0.1G composite ceramics is 1.5 and 0.9 μm, respectively.
In this case, a high volume fraction of GNSs will effectively stabilize the grains as a higher percentage
of them are “wrapped”.
Table 1. Relative density and average grain size of the sintered samples.
GNSs (wt. %) Temperature (˝C) Relative Density (%) Average Grain Size (μm)
0 1000 97.8 2.1
0 1100 98.4 3.3
0 1200 99.3 5.3
0.025 1000 98.3 1.8
0.025 1100 99.2 2.8
0.025 1200 97.2 4.3
0.05 1100 98.3 1.5
0.1 1100 97.2 0.9
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3.3. Microstructure of AZO-G Composite Ceramics
The SEM micrographs of the fracture surface of the AZO-0.05G composite ceramics sintered
at various temperatures are shown in Figure 3. As seen in the figure, the distribution of GNSs
is homogenous within the AZO ceramic matrix for the range of sintering temperatures studied,
1000 ˝C, 1100 ˝C and 1200 ˝C. It is clear that the microstructure of AZO-0.05G is dense following
sintering at 1000 ˝C. There is, however, some distributed porosity that can be seen on the fracture
surfaces corresponding to a sintering temperature of 1200 ˝C, indicating a low relative density for the
AZO-0.05G composite ceramics.
Figure 3. SEM micrographs of AZO-0.05G composite ceramics at sintering temperatures of: (a) 1000 ˝C;
(b) 1100 ˝C; (c) 1200 ˝C; (d) 1300 ˝C.
Figure 4 shows the fracture surface corresponding to the AZO ceramic and AZO-G composite
ceramics with various GNS contents, respectively. The results show that uniformly distributed GNSs
in the AZO matrix (highlighted by white arrows) have no apparent influence on the relative density of
AZO-G composite ceramics as the GNS content varies from 0.025 to 0.05 wt. %. For AZO-0.1G and
AZO-0.2G, however, significant cracks around graphene nanosheets are observed in Figure 4f due to
the agglomeration of GNSs, ultimately affecting the relative density of the AZO-G composite ceramics
shown in Table 1.
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Figure 4. SEM micrographs of AZO-G ceramics with GNS content of (a) 0 wt. %; (b) 0.025 wt. %;
(c) 0.05 wt. %; (d) 0.1wt. %; (e) 0.2 wt. % and (f) 0.2 wt. % (polished surface).
Figure 5 shows HRTEM images of the spatial distribution of GNSs in the AZO matrix. As seen
from Figure 5a, GNSs with a thickness of about 10 nm are located between ZnO/ZnO grain boundaries
and the interface between ZnO and graphene appears to be free from other impurities. Another unique
and significant characteristic in the microstructure of AZO-G composite ceramics shown in Figure 5b
is that, although GNSs are generally flat and straight at ZnO/ZnO grain boundaries, they are also
observed at a ZnO/ZnAl2O4 grain boundary and are connected to each other to form a network at
a grain boundary triple junction.
Figure 5. HRTEM image of AZO-0.05G composite ceramics: (a) GNSs at ZnO/ZnO grain boundary;
(b) GNSs at ZnO/ZnAl2O4 grain boundary and grain boundary triple junction.
3.4. Electrical Properties of AZO-G Composite Ceramics
Figure 6a shows the room temperature resistivity, carrier concentration and Hall mobility for the
AZO-0.05G composite ceramics as a function of the sintering temperature. The results show a decrease
of resistivity for AZO-0.05G composite ceramics as the sintering temperature is increased from 1000 to
1200 ˝C. However, the resistivity of AZO-0.05G composite ceramics exhibits a sharp increase at the
sintering temperature of 1300 ˝C. The deterioration of resistivity is attributed to the oxidation of GNSs
in AZO-0.05G, which is apparent in Figure 4d. It is clear that the resistivity of AZO-0.05G composite
ceramics sintered at 1100 ˝C attains a minimum value of 4.1 ˆ 10´4 Ω¨ cm, as shown in Figure 6b.
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As the content of GNSs ranges from 0.05 to 0.2 wt. %, the resistivity and Hall mobility reveal a increase
and sharp decrease, respectively, which can be explained on the basis of a deterioration in relative
density caused by the agglomeration of graphene nanosheets.
Figure 6. The electrical property of AZO-G composite ceramics: (a) at various sintering temperature;
(b) with various graphene nanosheets content.
4. Discussion
4.1. Influence of GNSs on Densification of AZO-GNSs during SPS
Table 1 shows that the addition of the appropriate amount of GNSs increases the relative density
of AZO ceramics. However, the relative density of the AZO-0.025G composite ceramics exhibits
a sharp increase as the sintering temperature increases to 1300 ˝C. To provide insight into the influence
of GNSs on the sintering behavior of AZO ceramics, shrinkage as a function of the SPS sintering
temperature for both the AZO ceramics and the AZO-0.025G composite ceramics is examined in the
present study. Figure 7 shows the normalized densification behavior of the AZO and AZO-0.025G
ceramics sintered at 100 ˝C/min and 40 MPa. The density values were calculated from the shrinkage
curves by correcting for the thermal expansion of the graphite die, which was separately measured
using dummy tests at the respective SPS conditions. As illustrated, the spark plasma sintering of
AZO ceramics begins to shrink at ~400 ˝C and is complete at ~1200 ˝C, and hence follows a one-step
densification. In contrast, the sintering behavior of AZO-0.025G shows a two-step shrinkage response.
The first shrinkage occurs between ~600 and ~1100 ˝C (denoted as region A) and the second stage starts
at ~1250 ˝C (denoted as region B). It is worth mentioning that the density of AZO-0.025G composite
ceramics decreases in the sintering range from 1100 to 1200 ˝C, which is consistent with the porosity
observed in AZO-0.025G at a sintering temperature of 1200 ˝C shown in Figure 3c. The underlying
mechanism that results in the loss of GNSs at a higher sintering temperature is explained as follows.
Graphene nanosheets can react with O2 to form CO or CO2, because Al doping is supposed to lead to
an increase of the charge carrier concentration following Equation (1) [26]:
Al2O3
ZnOÝÝÝÑ 2Al‚Zn ` 2e1 ` 12O2 Ò (1)
When increasing the sintering temperature from 1200 to 1300 ˝C, graphene nanosheets are
completely oxidized by oxygen from Equation (1). Thus, the porosity in AZO-0.025G composite
ceramics decreases as the sintering temperature increases to 1300 ˝C. Although shrinkage of AZO
ceramics occurs at a lower temperature of 400 ˝C, it is observed that fully dense AZO-0.025G composite
ceramics are obtained at a lower temperature at 1100 ˝C, which is 100 ˝C lower than that required
by AZO ceramics. With the addition of GNSs, significant increases in densification have been also
observed for conductive ceramics such as TaC [25] and ZrB2 [27]. The higher conductivity enables
51
Materials 2016, 9, 638
significant current to flow directly through the sample during the SPS process and hence these ceramics
benefit from both the increased thermal and electrical conductivity of graphene.
Figure 7. Normalized shrinkage of AZO ceramic and AZO-0.025G composite ceramics.
4.2. Influence of GNSs on Electrical Properties of AZO-G
The resistivity of AZO ceramics is primarily determined by the carrier concentration (n) and Hall




where e is a constant of electron charge (e = 1.602 ˆ 10´19 C), n is the carrier concentration, μ is the Hall
mobility. It is obvious that the resistivity of AZO ceramics is determined by the carrier concentration
and Hall mobility, which can be seen from Equation (2). The carrier concentration (n) of AZO is
determined by the substitution of Al3+ on Zn2+ and oxygen loss [28]. Hall mobility is influenced by
impurity scattering (μi), grain boundary scattering (μg) and lattice thermal vibration scattering (μl), as










The thermal vibration scattering effect is very weak at room temperature and can be neglected.
Therefore, impurity scattering and grain boundary scattering are the main factors that limit Hall
mobility. As the sintering temperature exceeds 1000 ˝C, Al cannot fully dissolve into the ZnO structure
as the solubility of Al in ZnO is very small [28]. Thus, further Al additions leads to the formation
of the non-conductive ZnAl2O4 phase and the ZnAl2O4 is segregated to grain boundaries and grain
boundary triple junctions, which effectively decreases the electrical and thermal conductivities [26].
Figure 8 shows the relationship among resistivity, Hall mobility and carrier concentration
for AZO and AZO-0.05G composite ceramics at various sintering temperatures. The AZO-0.05G
composite ceramics show a fairly low resistivity of 3.1 ˆ 10´4 Ω¨ cm, while the lowest resistivity of
1.7 ˆ 10´3 Ω¨ cm for AZO ceramics is one order of magnitude than that of AZO-0.05G composite
ceramics. Moreover, the addition of GNSs for AZO-0.05G composite ceramics significantly enhances
the Hall mobility with a value from 27.4 to 105.1 cm2¨ V´1¨ s´1 which effectively enhances the resistivity.
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Figure 8. The resistivity, Hall mobility and carrier concentration for AZO ceramics and AZO-0.05G
composite ceramics.
In the case of AZO-G composite ceramics, the enhancement of electrical conductivity is principally
attributable to the addition of GNSs in the AZO matrix. To that effect, there are two factors related
to the enhancement of the conductivity of AZO-G composite ceramics: (1) the significantly higher
electron mobility of GNSs relative to that of AZO; and (2) an efficient and integrated conductive
network of GNSs in the copper matrix. In other words, when the volume fraction of GNSs is low,
it is not possible to attain the continuous network needed to result in an overall increase in electrical
conductivity. However, if the GNS content is too high, agglomeration can lead to microstructural flaws
such as the formation of pores and cracks, which contribute to carrier scattering, thereby leading to
an electrical conductivity decrease. Moreover, it is worth noting that the formation of the spinel-phase
ZnAl2O4 contributes to a high degree of impurity scattering, both at grains and grain boundaries [31],
which can be both significant and difficult to ameliorate [28]. Our work shows that by adding GNSs to
an AZO matrix, ZnO/ZnO and ZnO/ZnAl2O4 grain boundaries play a role in the overall electrical
response. For example, the grain boundary triple junction architecture shown in Figure 5 suggests that
GNSs can provide efficient electron transport pathways in local regions including those associated
with non-conductive ZnAl2O4 grains.
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5. Conclusions
AZO-G composite ceramics with uniformly dispersed GNSs have been prepared via ball milling
using dimethyl formamide followed by SPS. In the case of AZO-0.025G, a high relative density of 99.2%
was attained at a sintering temperature of 1100 ˝C, which is comparable to AZO ceramics sintered at
a sintering temperature of 1200 ˝C. The resistivity of AZO-0.05G composite ceramics sintered
at 1200 ˝C shows a minimum value of 3.1 ˆ 10´4 Ω¨ cm with a superior Hall mobility of
105.1 cm2¨ V´1¨ s´1. For pure AZO ceramics, the resistivity was 1.7 ˆ 10´3 Ω¨ cm and the Hall
mobility was 27.4 cm2¨ V´1¨ s´1. The improved electrical resistivity of the AZO-G composite ceramics
is attributable to the distribution of GNSs at ZnO/ZnO grain boundaries, ZnO/ZnAl2O4 grain
boundaries, and the grain boundary triple junctions. Moreover, the network of GNSs provides
efficient electron transport pathways in local regions, including those associated with non-conductive
ZnAl2O4 grains.
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Abstract: Spark plasma sintering (SPS) has been employed to consolidate a micron-sized zirconium
carbide (ZrC) powder. ZrC pellets with a variety of relative densities are obtained under different
processing parameters. The densification kinetics of ZrC powders subjected to conventional hot
pressing and SPS are comparatively studied by applying similar heating and loading profiles. Due to
the lack of electric current assistance, the conventional hot pressing appears to impose lower strain
rate sensitivity and higher activation energy values than those which correspond to the SPS processing.
A finite element simulation is used to analyze the temperature evolution within the volume of ZrC
specimens subjected to SPS. The control mechanism for grain growth during the final SPS stage is
studied via a recently modified model, in which the grain growth rate dependence on porosity is
incorporated. The constant pressure specific heat and thermal conductivity of the SPS-processed ZrC
are determined to be higher than those reported for the hot-pressed ZrC and the benefits of applying
SPS are indicated accordingly.
Keywords: zirconium carbide; spark plasma sintering; finite element simulation; grain growth;
thermal properties
1. Introduction
Spark plasma sintering (SPS), also known as field-assisted sintering or current-assisted sintering,
is currently one of the most attractive rapid powder consolidation techniques. It has been evidenced
that the Joule heating and the hydraulic loading acting in a SPS system allow the production of dense
materials at lower temperatures and during shorter periods of time compared to SPS’ conventional
counterpart technique—hot pressing [1–4]. Recently, SPS has been successfully utilized to consolidate
ultra-high temperature ceramic (UHTC) powders, such as tantalum carbide [5], hafnium diboride [6],
vanadium carbide [7], zirconium carbide [8], etc., into bulk articles with high densities and excellent
properties. In addition to enhancing densification kinetics, the benefits from carrying out SPS of
refractory powder-based materials include an impurities cleaning effect [9], early neck formation due
to local overheating [10,11], and electric field-assisted grain size retention [12].
The aforementioned zirconium carbide (ZrC) is a typical UHTC possessing good high-temperature
mechanical properties, excellent electrical and thermal conductivity, high melting point, and
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strong chemical resistance. It has been recently considered to be a promising candidate for
high-temperature applications, such as furnace heating elements, plasma arc electrodes and nuclear
cladding materials [13–15]. Although the implementations of these applications are still in progress,
the attempts to consolidate ZrC powder started in the 1970s, when free-sintering and hot-pressing
were employed for this purpose [16,17]. Due to ZrC’s high melting point (~3500 ˝C) and the inherent
nature of the covalent Zr–C bonding, extremely high temperatures and long-term dwellings were
usually required to obtain dense ZrC products via these techniques [18,19]. In spite of the inefficiencies,
these conventional consolidation approaches have been often utilized in recent years [20,21].
Investigations on SPS of ZrC were initiated with retrieving high-density specimens under
moderate conditions which had never been adopted previously in free-sintering or hot-pressing
of ZrC. Sciti et al. reported that up to 98% relative density could be achieved at 2100 ˝C under
65 MPa within 3 min when conducting SPS of micron-grade ZrC powders [22]. Submicrometric
zirconium oxy-carbide (ZrCxOy) powders were synthesized and consolidated by Gendre et al. at about
2000 ˝C [23], while the vacancies introduced by the carboreduction synthesis of such powders were
considered to be the factors to facilitate densification [24]. Further enhancements of densification were
implemented by employing post-processed nano ZrC powders in the SPS, in which the maximum
processing temperatures could be way lower than 2000 ˝C [25,26]. These studies have suggested that
the densification level achievable under SPS is significantly higher than the one obtained by carrying
out conventional powder consolidation techniques.
ZrC powder densification mechanisms under SPS conditions were analyzed in the past.
Gendre et al. used an empirical model to estimate the stress exponent and the activation energy
in SPS of synthesized ZrCxOy powder under different loads [23]. This model has been modified
recently by Antou et al. with separating intermediate and final sintering stages when investigating the
mechanisms contributing to the densification [27]. Wei et al. determined the densification mechanisms
of commercial ZrC powder under SPS conditions, in which a densification equation based on the
continuum theory of sintering has been used [28]. By carrying out a regression of the obtained equation
to the experimental densification data, the strain rate sensitivity and activation energy of the employed
ZrC powder were properly assessed [8]. All studies indicated that ZrC exhibits high activation energy
and power law creep behavior during the SPS process.
Microstructure coarsening during the final stage of sintering was also observed by Gendre et al., in
which the authors attributed this phenomenon to the onset of the pore-grain boundary separation [23].
However, the grain growth mechanism has not been unambiguously identified in that study.
Temperature and electric current distributions during SPS of ZrC specimens were also analyzed
by a finite element simulation [29]. Despite the fact that porosity of the studied ZrC specimen and
the electric contact resistance had not been taken into consideration, a large temperature gradient
was identified between the specimen and the SPS tooling area (to which the temperature measuring
pyrometer has been focused). This thermal non-uniformity, as stated by the authors, was due to the
non-uniform current density distribution in the SPS tooling system as well as the radiative heat loss at
the outer surfaces of SPS tooling. It is, therefore, necessary to characterize these thermal effects before
analyzing mass transfer and deformation mechanisms in SPS of powder materials.
Both partially and fully dense ZrC products can be utilized for various applications but the
respective product service conditions are usually associated with high temperatures. Thermal
properties, such as constant pressure specific heat capacity and thermal conductivity of ZrC are,
therefore, critical to its potential applications. Measurements conducted a few decades ago on
hot-pressed ZrC samples indicated that both heat capacity and thermal conductivity of ZrC increase
with temperature [30,31]. However, thermal properties of the SPS processed ZrC have not been
reported so far. In addition, the uses of high temperature ceramics sometimes require keeping certain
levels of residual porosity in the products (for example, to accommodate volume swelling). In these
cases, the specimen’s thermal properties largely depend on its relative density because the volume
fraction of voids directly determines the amount of substance involved in heat transfer.
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In this study, commercial ZrC powders have been subjected to SPS treatments under various
processing conditions to produce specimens with a wide range of densities. Conventional hot pressing
has also been utilized to consolidate ZrC powder, in which the obtained densification kinetics and
microstructures are compared to these retrieved from SPS of ZrC under similar heating and loading
profiles. The specimen’s temperature is determined using finite element method by correlating
the simulated temperature inside the powder specimen with respect to the pyrometer measured
temperature at the die surface. The resulting specimen’s temperature is utilized to investigate the grain
growth mechanism during the final stage of SPS. Both densification and grain growth are studied by
hiring recently-developed models [8,32]. The constant pressure specific heat capacity and thermal
conductivity of the SPS-processed specimens are measured with respect to temperature, up to 1100 ˝C.
The obtained thermal properties are compared to the reported ones, taking into consideration the
relative density level.
2. Materials and Experiment
2.1. Starting Powders
A commercial zirconium (IV) carbide powder (99% metal basis, Sigma-Aldrich Co., St. Louis, MO,
USA) was chosen as the tested material in the present study. The as-received powder was first subjected
to ultra-sonication (2510 ultra-sonic cleaner, Branson Corp., Danbury, CT, USA) for de-agglomeration.
The raw powder was then analyzed by scanning electron microscopy (SEM, Quanta 450, FEI Co.,
Hillsboro, OR, USA) to examine its morphology. As shown in Figure 1a, a single particle exhibits a
polycrystalline structure with inter- and intra-granular pores present. The average grain size of the raw
powder is around 1 μm. X-ray diffraction (XRD, X’Pert Pro, PANalytical B.V., Almelo, The Netherlands)
of the raw powder was performed using copper as target, diffracted patterns (solid line) are compared
to reference peaks (ring markers) along each diffracted plane in Figure 1b. Additionally, the lattice
parameter of the starting powder was estimated at every diffracted plane to give an average value of
4.698 Å, which only showed a negligible difference in comparison to the theoretical value (4.699 Å, [31]).
The XRD analysis, therefore, has identified the raw powder was very close to the stoichiometry of ZrC.
Figure 1. (a) SEM image of the raw powder; and (b) XRD patterns of raw powder (solid line), the
SPS-processed specimen (dashed line), and reference peaks (ring markers), respectively.
2.2. Consolidation of Zirconium Carbide Powder
All SPS experiments were performed using a Dr. Sinter SPSS-515 furnace (Fuji Electronic Industrial
Co. Ltd., Kawasaki, Japan) with a pulse duration of 3.3 ms and on/off pulse interval of 12:2. For each
SPS experiment, 4 g of ZrC powder were used. A 15.3 mm graphite die and two 15 mm graphite
punches (I-85 graphite, Electrodes Inc., Santa Fe Springs, CA, USA) had been aligned by inserting
well-cut 0.15 mm graphite paper (Fuji Electronic Industrial Co., Ltd., Kawasaki, Japan) in between.
The weighted powder was then carefully loaded into the graphite tooling and pre-compacted at room
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temperature under 3 kN. The geometrical dimensions of a specimen at this point were then used to
calculate its green density.
SPS runs were conducted with the maximum processing temperature ranging from 1600 ˝C to
1800 ˝C. The following heating profile was used: (i) 6 min from room temperature to 580 ˝C, 1 min
from 580 ˝C to 600 ˝C and holding at 600 ˝C for another 1 minute; (ii) 100 ˝C/min to 1600 ˝C and
50 ˝C/min to target temperature; (iii) dwelling at peak temperature; and (iv) cooling down to 1000 ˝C
and powering off the machine. The temperature was monitored by a digital pyrometer pointing at the
lateral surface of the die. The hydraulic uniaxial pressure was consistently applied from the beginning
to the end of the consolidation process. The real-time processing parameters, such as temperature,
applied load, and axial displacement, were automatically logged by the SPS device.
Hot pressing of the same ZrC powder was carried out using a 50 t hot press furnace (Oxy-Gon
Industries, Epsom, NH, USA). The uniaxial pressure was set to 55 MPa. The heating rate was
13 ˝C/min to 1900 ˝C. Isothermal holding at 1900 ˝C was 60 min. In order to make a comparison,
“control” SPS runs with same external pressure, heating rate, and holding time were also implemented.
By considering the existence of the temperature gap between the specimen and the outer die surface
during SPS [33], the peak processing temperature in “control” SPS runs was adjusted to 1600 ˝C.
Such an adjustment aimed at making the actual temperature which the specimen experienced during
SPS to be comparable to the one that used in hot pressing (see also Section 3.2). Therefore, the hot
pressing and the SPS of ZrC were able to be conducted with imposing similar heating and loading
profiles to the powder specimens.
An argon atmosphere was utilized in all SPS and hot-pressing experiments in order to prevent
the furnace chamber and the heating elements from being overheated. Graphite tooling was wrapped
by carbon felt to reduce heat loss through thermal radiation in SPS runs. For every selected processing
profile, an additional run was conducted in the absence of powder. The obtained axial displacement
data from this idle run was subtracted from the one retrieved from the real run to provide the true
axial shrinkage of a specimen. Every individual experiment was repeated at least twice to ensure the
reproducibility of the results.
2.3. Characterization of Processed Specimens
The spark plasma-sintered ZrC specimens have been characterized to reveal their density, open
porosity, phase composition, and grain size. All obtained specimens were ground with abrasive SiC
paper to remove the adherent graphite foil from their outer surfaces. A specimen’s density was first
calculated using a geometrical method. If the ratio of the geometrical density of a specimen to the
theoretical density of ZrC (6.7 g/cm3), i.e., the relative density, was more than 90%, the Archimedes
method was also applied to reconfirm the obtained value of the relative density. The true axial
shrinkage was employed to evaluate the densification kinetics of a specimen with respect to the
processing time by assigning a constant radius to the specimen during SPS processing. Open porosity
was determined using a helium pycnometer (AccuPyc 1330, Micromeritics Corp., Norcross, GA, USA)
by taking into account the difference between apparent and pycnometric relative densities.
After density and open porosity measurements, specimens SPSed at 1700 ˝C were evenly cut
by a precision saw (IsoMet 1000, Buehler, Lake Bluff, IL, USA). The two halves of a specimen were
hot-mounted in Bakelite powder with cross-sectional surfaces facing out and subsequently polished
with the assistance of a colloidal diamond suspension. Well-polished samples were first analyzed by
XRD (X’Pert Pro, PANalytical B.V., Almelo, The Netherlands) to retrieve specimens’ phase compositions
after SPS consolidation. Then, the polished surfaces were etched for 2 min using HF:HNO3:H2O
solution in a volumetric ratio of 1:1:3 in order to have a better reflection of their grain geometries in
microstructural characterizations. The obtained micrographs were analyzed by an image software
(ImageJ 1.5 g, NIH Image, Bethesda, MD, USA) to calculate the specimen’s average grain size based on
the mean linear intercept method with a correction factor of 1.5 [34].
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2.4. Temperature Evolution in SPS of ZrC
The finite element simulation using COMSOL® Multiphysics software (Comsol Inc., Burlington,
MA, USA) was employed to couple electric current and consequent Joule heating phenomena in the
implementation of thermal aspects of the employed SPS system. The coupled equations are:
ρe f f Cp
BT
Bt ´ ∇¨ pkT∇Tq “ h (1)
where ρe f f is the density
`
kg{m3˘; Cp is the heat capacity (J/kg/K) and kT is the thermal conductivity
(W/m/K). h denotes the heat generated by the flowing electric current:
h “ |J| |E| “ λ |∇V|2 (2)
where J is the electric current density pA{m2q and E is the intensity of the electric field pV{mq;




and the gradient of electric
potential pV{mq, respectively. The electric contact resistance between the graphite tooling components
was included as:
Ñ
n ¨ ÑJ ec “ 1Rec pV1 ´ V2q (3)
where
Ñ
n is the normal to the contact surface;
Ñ
J c is the generated current density at the contacts pA{m2q;
Rec is the electric contact resistance
`
Ω¨ m2˘, which has been experimentally derived with respect to
the same tooling system [35]; V1 and V2 are the electric potential at any two contact surfaces. The
effects of thermal contact resistance was implemented by applying the equations developed in [35,36].
The role of horizontal thermal contact resistance was ignored in the simulation as it has been previously
determined that its effects on the temperature field are negligible if high pressure is applied [37].
Thermal and electric properties, including the temperature dependence, of the utilized graphite
tooling, followed the expressions previously used by Olevsky et al. [32]. ZrC specimen’s thermal and
electric properties during processing are given in Table 1 as functions of porosity, θ, and temperature,
T (K). ZrC’s thermal properties were selected in accordance with [15,31].
Table 1. Properties of zirconium carbide used in simulations.
Parameters Values
Heat capacity, Cp (J/kg/K)
`
352.8 ` 0.094T ´ 2.55 ˆ 103T´2˘ p1 ´ θq
Thermal conductivity, kT (J/m/K)
ˆ
17.82 ` 0.024T ´ 9.39ˆ
10´6T2 ` 1.68 ˆ 10´9T3
˙ `
1 ´ 0.5θ ´ 1.5θ2˘





The SPS machine’s logged voltage readings were converted to their root mean square values and
interpolated with respect to processing time to provide continuous inputs for the entire modeling
process. Figure 2 illustrates the major portion of the tooling-specimen system, which was built as an
axial-symmetric model in COMSOL® with specifying the dimensions of each component. During the
simulation, the electric potential was introduced at the top electrode (not included in Figure 2), while
the bottom one was grounded.
The simulated temperature of the control point at which the temperature measuring pyrometer
has been focused was compared to the one obtained from the experiment. These two sets of data have
to be in good agreement with each other in order to confirm the reliability of the modeling results
and retrieve the specimen temperatures from the simulation. The radial temperature gradient was
then calibrated by correlating the calculated control point specimen temperatures with the pyrometer
temperatures measured at the control point to allow a suitable comparison of densification kinetics
between SPS and hot pressing.
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Figure 2. Geometrical model and temperature distribution in finite element simulation, Unit: ˝C.
2.5. Measurement of Thermal Properties
A series of SPS processed specimens with relative densities ranged from 73.9%–93.3% were
further ground to 6 mm diameter by 1 mm thickness disks for thermal property tests. The heat capacity
measurements were conducted under constant pressure using the differential scanning calorimeter
(DSC 404 F1 Pegasus, Netzsch Co., Selb, Germany) along with the corresponding laser flash apparatus
(LFA 427, Netzsch Co., Selb, Germany). The thermal diffusivity was determined by measuring the
temperature change on the upper surface of the sample caused by a pulsed laser flash acting on its
lower surface. Then, the thermal conductivity was considered to be the product of the sample’s heat
capacity, density, and its thermal diffusivity calculated by the laser flash apparatus [38]. All tests were
performed at every 100 ˝C interval from room temperature to 1100 ˝C in an argon atmosphere.
3. Discussion
3.1. Densification Kinetics
The final relative densities of the spark plasma sintered specimens are mapped with processing
parameters in Figure 3 (diamond markers). Relative densities of specimens prepared at 1700 ˝C have
been rescaled to be more visible. The density of the hot-pressed specimen (round marker) is also
present in comparison to that of the spark plasma sintered one subjected to similar heating and loading
profiles (triangle marker). An enhancement in any of the processing parameters leads to an increase of
the product’s final density. The X-ray diffracted pattern of the SPS-processed specimen is compared
to that of the raw powder and to the reference peaks in Figure 1b. The lattice parameter of the SPS
specimens was calculated to be ~0.2% larger than that of the raw powder. Such an augmentation
might be caused by the free carbon in the raw powder reacting with ZrC during SPS. Since the amount
of lattice parameter change could only influence the stoichiometry and lower the theoretical density
negligibly, it was considered as minor in the calculation of relative density.
Densification kinetics of spark plasma sintering and hot pressing of ZrC is summarized in Figure 4
with the arrows indicating the onset of the isothermal dwelling. The densification curve of the control
SPS appears to possess less data points than that of hot pressing, which is due to the fact that the
peak processing temperature in control SPS runs (1600 ˝C) was intentionally selected to be lower
than that in hot pressing (1900 ˝C). As a result, the hot pressing spent more time to achieve the
target temperature. In the control SPS runs, fast densification has already started before the maximum
processing temperature has arrived. While in the hot pressing, it is hard to identify the fast densification
period until the end of the entire process. Therefore, hot pressing has been evidenced to be much less
efficient than SPS in processing ZrC powders.
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Figure 3. Map of relative densities for specimens prepared under various processing conditions.
Figure 4. Hot pressing vs. control SPS of ZrC: Comparison of densification kinetics, under 55 MPa and
60 min holding.
Specimens prepared by hot pressing and control SPS processes also gave quite different
microstructures when being observed under SEM. As shown in Figure 5, the hot-pressed specimens
(Figure 5a) possess a porous structure with visible inter-particle contacts and insignificant signs of
grain coarsening. However, under the same magnification, a much more consolidated morphology is
present in the SPS-processed specimen (Figure 5b) with clear exhibitions of large grains, while only
isolated individual pores are displayed in the matrix.
 
Figure 5. Microstructures of ZrC processed by (a) hot pressing at 1900 ˝C; and (b) control SPS at 1600 ˝C
under 55 MPa and 60 min holding. The contrast between grains indicates the grain orientations.
3.2. Temperature Evolution in SPS of ZrC
Figure 2 illustrates the temperature distribution obtained from conducting finite element
simulation of SPS of ZrC at 1750 ˝C with color bar indicating the temperature levels on the right.
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One can see that the temperature is non-uniformly distributed in the entire system. Simulated
temperature values at the point of the pyrometer measurement (long-dash line) and the average
temperature in the volume of the specimen (dot-dash line) are plotted in Figure 6, including
experimentally-obtained temperature data as a reference (dashed line). The evolution of simulated
temperatures at the pyrometer spot show a good agreement with that of the experimental readings,
acceptable discrepancies at low temperature range were most likely caused by the lagging of the
utilized SPS machine, as well as the radiative heat loss during the rapid heating (100 ˝C/min) period.
However, the specimen’s temperatures extracted from the simulation are significantly higher than
those retrieved from the experiment and the gaps between these two sets of data keep growing as
processing temperature rises. This non-uniform temperature distribution in the tooling system is
a common phenomenon in the SPS process and should be carefully assessed [32,39].
Figure 6. Simulation vs. experiment: temperature evolution in SPS of ZrC (up to 1750 ˝C).
After plotting the simulated specimen’s temperatures (Ts) with respect to the pyrometer-measured
processing temperatures (Tp), as shown in the embedded graph of Figure 6, a nearly linear relationship
was obtained with processing temperature varying from 1600 ˝C to 1750 ˝C. The trend line is similar
to the one that has been attained by Antou et al. [29] via finite element simulation, as well as
Kelly and Graeve through conducting SPS runs with both top and side pyrometers attached [40].
Additionally, the extrapolation of the obtained relationship has been demonstrated to be able to
predict the specimen’s temperature when higher SPS temperature is imposed (dashed extension line).
Therefore, the temperature experienced by a ZrC specimen subjected to different SPS processing
temperatures can be estimated and subsequently used in characterizing densification mechanisms
(Section 3.3) and grain growth (Section 3.4).
3.3. Densification Mechanisms in SPS and Hot Pressing of ZrC
In regard to the sintering stages, the hot-pressed ZrC ended up with an 84% relative density
which corresponded to the intermediate sintering stage, while the control SPS ZrC has evolved into the
final sintering stage with 95% relative density being achieved. Densification mechanisms incorporated
in control SPS and hot pressing of ZrC powders under similar heating and loading profiles were
investigated to explain the observed different densification kinetics. An analytical/numerical approach
for determining the creep coefficients of powder based materials subjected to hot consolidation in
a rigid die has been developed recently, in which an analytical densification equation was derived
















2m p1 ´ θq m´32m (4)
where σz is the applied axial pressure (Pa); T is specimen’s absolute temperature (K); m is the strain
rate sensitivity; Q is the activation energy (J/mol); and A0 is a combined material constant. The creep
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coefficients, m, Q, and A0, can be determined through numerically solving Equation (4) in regression
to the experimental densification data. A detailed elucidation of such an analysis has been given in [8].
For hot pressing of ZrC, the densification data from the entire isothermal holding stage was
selected as the benchmark in regression analysis with the relative density ranging from 75%–84%.
At the same time, the selection of densification data from the control SPS runs was taking both the
ramping-up and the holding periods into account with relative density increasing from 75%–95%.
These selections ensured the same starting porosity (~25%) in both cases. It should be noted that,
according to the selected range of relative density, the hot pressing only corresponds to the intermediate
sintering stage, while the control SPS includes two sintering stages with the intermediate one preceding
the final one [41], and the densification rates associated with these two stages are different (see
also Figure 4). Therefore, the study of densification mechanism involved in the intermediate stage
was individuated from the one that engaged in the final stage. This approach enabled comparing
densification mechanisms incorporated in hot pressing and SPS during the same sintering stage and
extended the investigating approach that employed by [8], in which the intermediate and final SPS
stages were counted together.
Numerical solutions (Num. soln) are compared to experimental data (Exp. data) in Figure 7.
The numerical results are in good agreement with the representative experimental results as shown in
Figure 7a, which reveals the reliability of Equation (4) for describing porosity evolution in hot pressing.
Porosity evolution during the control SPS has been first split into intermediate (Int) and final stages
(Fin) in order to individuate the densification behavior, and then these two stages were put together in
one plot (Figure 7b). The discontinuity of the numerical solution at the junction point between the
two stages (vertical dot-dash line) reflects the change of creep coefficients.
Figure 7. Numerical solution vs. experimental data: (a) hot pressing at 1900 ˝C; and (b) control SPS at
1600 ˝C, under 55 MPa and 60 min holding.
Optimal creep coefficients used in regression analysis are summarized in Table 2 based on the
corrected specimen temperature (see Section 3.2). All of the values of the strain rate sensitivity, m, no
matter which consolidation technique was used, fall into the range from 0.33 to 0.5. The densification
involved in SPS and hot pressing of ZrC is most likely to be grain boundary sliding (m “ 0.5) associated
with dislocation glide (m “ 0.3) controlled creep [42,43]. Although the m value obtained for the hot
pressing was slightly smaller than that of the control SPS obtained for the same sintering stage,
the control SPS rendered a significantly lower Q value than the one that the hot pressing provided.
Comparatively higher strain rate sensitivity and lower activation energy retrieved from the SPS runs
can be attributed to the contribution of electric current, improving the neck growth between particles.
Although quantitative evaluations of the current effect in the SPS process are still ongoing [1–3], as
shown in [10,11], the inter-particle necks have been observed to be formed at the early SPS stages.
Extra atomic diffusional paths created in this manner substantially accelerated the activation of the
plastic flow. At the same time, during hot pressing, the inter-particle necks (see Figure 5) appeared
to start growing during the intermediate stage and, thus, provided less support for mass transport;
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therefore, higher energy was required in the case of hot pressing. The creep coefficients of the control
SPS at the intermediate and final sintering stages are nearly identical, except for slightly different values
of the activation energies. This difference might be related to the underestimation of the specimen’s
temperature and the viscous analogue of the shear modulus due to the influences of porosity during
the final stage of SPS.
Table 2. Optimal creep coefficients.
Parameters
Intermediate Stage Final Stage
m Q (kJ/mol) A0 m Q (kJ/mol) A0
Hot pressing
Control SPS
0.382 653 5.92 ˆ 10´6 N/A N/A N/A
0.403 563 6.58 ˆ 10´6 0.403 576 6.58 ˆ 10´6
3.4. Grain Growth and Microstructures of SPS Processed Specimens
Average grain sizes (diamond markers) and relative densities (solid line with triangle markers)
obtained from specimens produced by SPS processing at 1700 ˝C are present in Figure 8a with holding
time up to 1440 s (24 min). One can see that the increase of the relative densities is accompanied by
the augmentation of the grain sizes. Nevertheless, the grain growth appears to be more significant
compared to the density evolution. As shown in Figure 8a, the specimens’ relative densities range (from
92.3% to 98.1%) indicates the sintering of ZrC has evolved into the final stage when isothermal dwelling
started at 1700 ˝C. During this stage, when the saturation of the temperature level on densification
is shown, the processing temperatures still substantially facilitated the grain growth as holding time
proceeds [44].
Figure 8. (a) Grain size vs. relative density (SPS at 1700 ˝C); (b) open porosity vs. relative density.
Chaim stated that, besides temperature and time, the grain growth in SPS of porous ceramics
is also controlled by the pore mobility [45]. An equation that includes the dependence of the grain
growth on these factors was proposed by Olevsky et al. as [32]:












where G0 is the initial grain size; p is the grain growth exponent; k0 is the grain growth constant; θc is
the critical porosity which reflects the transition from open to close porosity and QG is the activation
energy for grain growth (J/mol).
By using the simulation approach provided in Section 3.2, the specimen’s temperature, T, was
evaluated to be 2303 K (~2030 ˝C) which is corresponding to a pycnometer-measured temperature
of 1700 ˝C. The critical porosity, θc, was determined through the open porosity measurements. The
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specimen’s open porosities are plotted with respect to their relative densities in Figure 8b. The decrease
of open porosity suddenly turns into a plateau with open porosity close to zero after relative density
reaches 93%, indicating the open pores in these specimens are nearly gone. The turning point Figure 8b
was, therefore, considered to be the moment of transition from open porosity to close porosity and the
value of θc was set to 0.07 in the evaluation of other grain growth coefficients.
An Excel® Solver program (Microsoft, Redmond, WA, USA) was used to assess the values of p,
k0, and QG. By iteratively optimizing these values, as demonstrated by the dashed line in Figure 8a,
Equation (5) produced a set of calculated grain sizes which consistently agree with the ones obtained
from the experiments. Additionally, the coefficient optimization gave a grain growth exponent of
p « 2, which corresponds to the grain boundary diffusion controlled grain growth [45]. The observed
insignificant change in density during the final holding stage in the present study is in agreement with
the study of Djohari et al., in which the grain boundary diffusion has been described as a cause of
virtually little densification in the later stage of sintering [46]. Furthermore, the activation energy for
grain growth was estimated to be 290 kJ{mol. This value is way lower than the activation energies
found for zirconium lattice diffusion (720 kJ{mol, [47]), for carbon bulk self-diffusion (470 kJ{mol, [48])
in ZrCx and for creep-introduced densification (576 kJ{mol, see also Table 2), suggesting that the grain
growth was preferred during the final stage of SPS of ZrC compared to other mechanisms.
The representative micrographs of specimens’ cross-sectional surfaces are illustrated in Figure 9,
from where a direct impression of how grains interact with inter-granular pores at the triple junctions
can be obtained: the grain growth gradually contributes to the process of pore closure. It appears that
the densification can benefit from the grain growth to a certain degree in the final stage. However, this
phenomenological observation could be complemented by nano- or atomic- scale analyses to reveal
the actual mass transfer mechanism (motions of grains or dislocations). The existence of the amount
of intra-granular pores in the microstructures of all specimens is possibly due to: (i) internal pores
from initial powder (see also Figure 1a); (ii) high-temperature pore formation mechanisms proposed
by Kelly and Graeve [40]. The contrast between grains indicates the grain orientations. The contrast
difference seems to become significant with increasing holding time suggesting that the grain growth
was associated with the grain movements.
Figure 9. Microstructures of SPS-processed specimens at 1700 ˝C with: (a) 1 min; (b) 9 min; (c) 15 min;
and (d) 24 min holding time, all under a pressure of 60 MPa.
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3.5. Thermal Properties of SPS-Processed Specimens
The heat capacity of specimens SPSed under various processing conditions increase with elevating
temperature, as well as with raising the relative density (see Figure 10). Heat capacity first rises rapidly
from room temperature to 300 ˝C, and then it grows slowly until 1100 ˝C. According to [49], the
Debye temperature of stoichiometric ZrC is between 500 and 600 K (200~300 ˝C), suggesting that the
observation from the present study is in accordance with the reported data, as the heat capacity of
carbide at low temperatures depends on its Debye temperature. Additionally, for a given volume,
a specimen with higher relative density possesses more thermal mass, therefore, more heat is required
for a degree of temperature rise. Heat capacities of fully-dense ZrC were extrapolated from the
measurements of partially-dense specimens and compared with those calculated by Turchanin et al.
using both Debye and Einstein equations [50] in the same graph. It shows that the highest heat capacity
obtained from this study is very close to the one reported in the past while the extrapolation is more
accurate as the temperature goes over 200 ˝C.
Figure 10. Heat capacities of SPS-processed specimens as a function of temperature.
As shown in Figure 11, the thermal conductivities of SPS processed specimens rise with increasing
temperature in the tested temperature range. This observation indicates quite unique ZrC properties
compared to many other ceramic materials and it has been primarily attributed to the contributions of
conduction electron bands and high phonon conductivity in ceramics materials [15]. Additionally, the
thermal conductivity is shown to increase with enhancing the relative density because higher relative
density is associated with the presence of fewer pores, hence more thermal pathways are present in the
processed specimen. Thermal conductivities of the hot-pressed ZrC with very similar relative density
(~93.3%) obtained by Taylor were considered to be the highest results that have been reported in the
past [30]. These data have been included for comparison in Figure 11 (scatter diamond markers, no
data reported for temperature below 600 ˝C). It appears that the measured thermal conductivities from
the SPS-processed specimens are higher than those from the hot-pressed ones. Although the method
of characterization between the present study and [30] is very different, the obtained evolutions of
thermal conductivities are consistent and the flash method appears to be able to retrieve them at lower
temperatures in a shorter time.
SPS-processed specimens exhibited excellent heat capacities and thermal conductivities compared
to these reported in the past. The improvements of the thermal properties are most likely due to the
reduction of impurities during the SPS process. Impurities are easy to be introduced into powders
during manufacturing processes since powders have large surface area and high surface energy.
The impurities or secondary atoms usually occupy lattice vacancies or present as interstitials which
act as strong scattering centers for phonons and electrons. These impurities are hard to remove during
conventional sintering processes. Therefore, both thermal and electrical properties of the sintered
product can be negatively influenced. The SPS process provides high electric current enabling the
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generation of micro-discharges along powder surfaces to remove impurities [51,52] and, in turn, to
improve the above-mentioned properties of the final products.
Figure 11. Thermal conductivities of SPS-processed specimens as a function of temperature.
4. Conclusions
ZrC pellets with high relative densities have been successfully produced by SPS. Relative densities
of obtained specimens were mapped with processing temperature, applied pressure, and holding
time to elucidate the effects of these processing parameters on the densification level. Hot pressing
and SPS of ZrC were carried out in the conducted comparative study to investigate the different
densification mechanisms affecting these two techniques. Higher strain rate sensitivity and lower
activation energy are observed for the control SPS compared to those observed for the conventional
hot pressing. The causes of these differences have been attributed to the effects of the electric current
during SPS processing.
Temperature evolution during SPS of ZrC was implemented by a finite element simulation to
characterize the thermal gradient between the die surface and the specimen. The specimen’s actual
temperature was verified by correlating the simulated temperatures with respect to the pyrometer
measured ones. The specimen’s temperature was then substituted into recently modified models
to study the grain growth kinetics in the final stage of SPS, and the grain boundary diffusion
was determined to be the major control mechanism. The microscopic examinations of specimen’s
cross-sectional area also reflected that the grain growth in the final SPS stage contributes to the closure
of the inter-granular pores.
Specific heat capacities and thermal conductivities of the SPS processed specimens were measured
from room temperature to 1100 ˝C using DSC along with LFA. Specimens’ thermal properties were
found to increase either with higher relative density or with raising temperature. The thermal
properties obtained from the SPS-processed specimens were higher than the reported data retrieved
from the hot-pressed samples at the similar relative density level, thereby indicating the impurity
cleaning effect during the SPS process.
Both experimental and modeling approaches have been conducted to characterize the hot
consolidation of ZrC. The obtained results can be used for future optimization purposes, including the
possible design of material structures in a sophisticated way.
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Abstract: In the present study, nearly fully dense monolithic ZrC samples are produced and broadly
characterized from microstructural, mechanical and optical points of view. Specifically, 98% dense
products are obtained by Spark Plasma Sintering (SPS) after 20 min dwell time at 1850 ˝C starting from
powders preliminarily prepared by Self-propagating High-temperature Synthesis (SHS) followed by
20 min ball milling. A prolonged mechanical treatment up to 2 h of SHS powders does not lead to
appreciable benefits. Vickers hardness of the resulting samples (17.5 ˘ 0.4 GPa) is reasonably good
for monolithic ceramics, but the mechanical strength (about 250 MPa up to 1000 ˝C) could be further
improved by suitable optimization of the starting powder characteristics. The very smoothly polished
ZrC specimen subjected to optical measurements displays high absorption in the visible-near infrared
region and low thermal emittance at longer wavelengths. Moreover, the sample exhibits goodspectral
selectivity (2.1–2.4) in the 1000–1400 K temperature range. These preliminary results suggest that ZrC
ceramics produced through the two-step SHS/SPS processing route can be considered as attractive
reference materials for the development of innovative solar energy absorbers.
Keywords: Spark Plasma Sintering; self-propagating high-temperature synthesis; ultra-high-
temperature-ceramics; carbides; mechanical properties; optical properties
1. Introduction
Due to the peculiar combination of its chemico-physical and mechanical properties, such as high
melting temperature (above 3500 ˝C), hardness, low density, chemical inertness, good electrical and
thermal conductivity, zirconium carbide (ZrC) has been acknowledged as a very promising material
for high temperature applications [1]. Moreover, ZrC displays low neutron absorption and selective
solar energy absorption, which makes it particularly attractive in the nuclear [2] and solar energy [3]
fields, respectively.
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Various synthesis routes are currently available for the preparation of ZrC powders [4–12]. These
include the carbo-thermal reduction of zirconia in high temperature furnaces [4], mechano-chemistry [5],
solution methods [6], sol-gel [8], and self-propagating high-temperature synthesis (SHS) [7,9–12].
In spite of the availability of the various synthesis options reported above, the strong covalent
Zr-C bond makes the fabrication of dense monolithic ZrC bodies a difficult achievement. For instance,
it was reported that the pressureless sintering of pure ZrC powders for 60 min at 1950 ˝C leads to
extremely porous samples (about 70% relative density) [13]. Final density was increased up to 94.4%
only upon sintering at 2100 ˝C for 2 h [14]. The densification behavior is generally improved in the
presence of mechanical loads, although the theoretical density is hard to be reached when considering
classical hot pressing methods [15,16]. For example, 91% of dense samples are produced after 1 h
of holding time at 2000 ˝C and 30 MPa applied pressure [16]. Modest densification levels are also
reached when the reaction synthesis and densification of pure ZrC was performed in one single
processing stage by reactive hot-pressing [14]. In contrast, significant improvements can be obtained
when considering the Spark Plasma Sintering (SPS) technology, an efficient consolidation method
where powder compacts are rapidly heated by the electric current flowing through the conductive
die containing them [17]. For this reason, various studies involving the use of the SPS method for the
densification of ZrC powders were carried out in the last decade [18–23]. Specifically, bulk products
with relative density above 97% are generally obtained from as-received commercial ZrC powder by
SPS when operating at temperatures of 2100 ˝C or higher values [18,20,23]. A mechanical treatment
of the starting powders was reported to promote their densification by SPS [20,22]. Moreover, about
97.9% dense ZrC samples were recently obtained by SPS at 1800 ˝C, when the applied pressure was
increased to 200 MPa, which was made possible by the use of a specifically designed double-die
configuration [23].
Likewise for other members of ultra-high temperature ceramics (UHTCs), the consolidation of
ZrC powders can be also made easier by the introduction of appropriate sintering aids, although the
presence of secondary phases might not be desirable for certain high-temperature applications.
The difficulties encountered for the fabrication of fully dense ZrC products are also responsible
for the lack of reliable data for related key properties, particularly for the thermo-mechanical and
optical ones, which, on the other hand, are necessary to define the possible exploitation of the material
in high-temperature solar absorbers.
This study deals with the fabrication of dense monophasic zirconium carbide by combining
the SHS and SPS techniques. Specifically, according to previous findings providing evidence of the
improved sintering ability of combustion synthesized powders with respect to differently prepared
products [24,25], the zirconium carbide phase is first obtained by SHS. A systematic investigation
is then performed to identify the optimal SPS temperature and time conditions to obtain high
densification levels. The resulting bulk products are finally characterized from the microstructural,
thermo-mechanical and optical points of view.
2. Materials and Methods
Zirconium (Alfa Aesar, product code 00418, particle size < 44 μm, purity > 98.5%, Karlsruhe,
Germany) and graphite (Sigma-Aldrich, product code 282863, particle size < 20 μm, purity > 99.99%,
St. Louis, MO, USA) powders were used as starting reactants for the synthesis of ZrC by SHS. Mixing
of reagents was performed in agreement with the following reaction stoichiometry:
Zr ` C Ñ ZrC (1)
About 15 g of the elemental powders were mixed for 20 min by means of a SPEX 8000 shaker
mill (SPEX CertiPrep, Metuchen, NJ, USA) using plastic vials and 6 zirconia balls (2 mm diameter,
0.35 g) (Union process, Akron, OH, USA). SHS experiments were then conducted on cylindrical pellets
(10 mm diameter, 20–30 mm height) prepared by uni-axially pressing 8–10 g of the obtained mixture.
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The synthesis process was carried out inside a reaction chamber under Ar atmosphere. An electrically
heated tungsten wire (Inland Europe, Varigney, France) was used to locally activate the SHS reaction.
The combustion temperature during synthesis evolution was measured using a two-color pyrometer
(Ircon Mirage OR 15-990, Santa Cruz, CA, USA) focused on the center of the lateral surface of reacting
samples. Combustion front velocity was estimated on the basis of the frame-by-frame analysis of the
video recording. Further details relative to SHS experiments can be found elsewhere [26].
The SHS products were converted to powder form by subsequent ball milling (SPEX CertiPrep,
Metuchen, NJ, USA). Specifically, about 4 g of the obtained porous samples have been mechanically
treated using a stainless steel vial (VWR International PBI, Milan, Italy) with two steel balls (13 mm
diameter, 4 g) to obtain a ball-to-powder weight, or charge ratio (CR), equal to two. The milling time
(tM) was varied in the range 5–120 min. Particle size of the resulting powders was determined using
a laser light scattering analyzer (CILAS 1180, Orleans, France).
Iron contamination from milling media to ZrC powders was evaluated by means of Inductively
Coupled Plasma Optical Emission Spectroscopy (ICP-OES, Optima 5300DV Perkin Elmer, Waltham,
MA, USA). The complete powder dissolution for this analysis was obtained using a hot mixture of
nitric acid and hydrochloric acid (Carlo Erba Reagents, Milan, Italy) in a molar ratio of 1:3 (aqua regia).
An SPS equipment (515 model, Sumitomo Coal Mining Co., Ltd., Kanagawa, Japan) was used
under vacuum (20 Pa) conditions for consolidation of the differently ball-milled SHS powders. This
apparatus basically consists of a DC pulsed current generator (10 V, 1500 A, 300 Hz) (Sumitomo Coal
Mining Co., Ltd., Kanagawa, Japan) combined with a uniaxial press (max 50 kN). The pulse cycle of the
SPS machine was set to 12 ms on and 2 ms off, with a characteristic time of each pulse equal to 3.3 ms.
About 3.6 g of powders were first cold-compacted inside the die (30 mm outside diameter; 15 mm
inside diameter; 30 mm height) to produce 14.7 mm diameter specimens. To facilitate sample release
after sintering, the internal die surface was previously lined with graphite foils (0.13 mm thick, Alfa
Aesar, Karlsruhe, Germany). In order to control the evolution of the SPS process, temperature, current
intensity, voltage, and sample displacement were monitored and recorded in real time. In particular,
temperature was measured using a C-type thermocouple (W-Re, 250 μm diameter, Fuji Electronic
Industrial Co., Ltd., Kanagawa, Japan) inserted in a small hole drilled on the die. SPS experiments
were initiated with the imposition of a prescribed thermal cycle, where the temperature was first
increased from the room value to the maximum level (TD) in 10 min (tH). Then, the TD value was kept
constant for a prescribed duration (tD). The effect of TD and tD on the density of the sintered product
was investigated in the 1750–1850 ˝C and 5–20 min ranges, respectively. The mechanical pressure
of 50 MPa was applied from the beginning of each SPS experiment. For the sake of reproducibility,
each experiment was repeated at least twice. Additional detailed information on SPS experiments is
reported in previous studies [27,28].
In addition to the standard specimens (14.7 mm diameter), larger size samples were prepared
for the mechanical characterization, in particular for the evaluation of flexural strength properties.
However, significantly higher current levels with respect to those ones obtainable with the SPS 515
equipment (Sumitomo Coal Mining Co., Ltd., Kanagawa, Japan) (1500 A at most) are required to
densify such larger samples. Thus, another SPS apparatus, namely the HPD 25-1 model (FCT Systeme
GmbH, Rauenstein, Germany), able to provide current intensities up to 8000 A, was used to produce
40 mm diameter samples. In this regard, it should be noted that, for the latter equipment, temperature
is measured and controlled at an axial point, whereas, as specified above, in the Sumitomo apparatus,
such measurements are made on the surface of the die.
Relative densities of the sintered specimens were determined by the Archimedes’ method using
distilled water as immersion medium and by considering the theoretical value for ZrC equal to
6.73 g/cm3 [29].
The crystalline phases were identified using an X-ray diffractometer (Philips PW 1830, Almelo,
The Netherlands) equipped with a Ni filtered Cu Kα radiation (λ = 1.5405 Å). A Rietveld analytical
procedure was employed to evaluate the average crystallite size [30]. The morphology of SHSed
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powders, as well as the microstructure and local phase composition of the sintered samples, were
examined by scanning electron microscopy (SEM) (mod. S4000, Hitachi, Tokyo, Japan and mod.
ΣIGMA, ZEISS NTS Gmbh, Oberkochen, Germany) and energy dispersive X-rays spectroscopy (EDS)
(Kevex Sigma 32, Noran Instruments, Middleton, WI, USA and mod. INCA Energy 300, Oxford
Instruments, Abingdon, UK), respectively.
Vickers microhardness (HV1.0) was measured with a load of 9.81 N, using a Zwick 3212 tester
(Zwick GmbH & Co., Ulm, Germany), according to the European standard prEN 843-4.
With the same Zwick 3212 tester, the fracture toughness (KIC) was evaluated by the direct crack
measurement method on the polished surfaces with a load of 98.1 N, by considering a radial-median
crack and using the equation of Evans and Charles [31].
The 4-pt flexural strength (σ) was measured at room temperature (RT) and up to 1200 ˝C in
partially protective Ar atmosphere, using the guidelines of the European standards for advanced
ceramics ENV843-1:2004 [32] and EN820-1:2002 [33], respectively. Chamfered type-A bars with
dimensions 25.0 ˆ 2.5 ˆ 2.0 mm3 (length by width by thickness, respectively) were tested at RT using
a semi-articulated steel-made 4-pt fixture (lower span 20 mm, upper span 10 mm) in a screw-driven
load frame (Zwick-Roell mod. Z050, Ulm, Germany), 1 mm/min of cross-head speed. Flexural strength
at a high temperature was instead measured in a partially protective Ar environment using an adapted
furnace (mod. HTTF, Severn Furnaces Ltd., Draycott Business Park, Durseley, UK) mounted on
an Instron apparatus (mod. 6025) (Instron, Illinois Tool Works Inc., Norwood, MA, USA) using a 4-pt
fixture made of Al2O3. Before applying the load during testing at high temperature, a dwell time of
18 min was set to reach thermal equilibrium. For each temperature, at least 3 bars were tested.
The surface topological characterization of the samples used for optical measurement was carried
out with a non-contact 3D profilometer (Taylor-Hobson CCI MP, Leicester, UK), equipped with
a 20X magnification objective lens. Two distinct areas of 0.08 ˆ 1 cm2, were scanned at the center
of the samples along two orthogonal directions and the topography data were analysed with the
software Talymap 6.2 (Taylor-Hobson, Leicester, UK). The evaluation of 2D texture parameters was
performed on 6 different profiles (3 for each area) extracted from the 3D data. The cut-off (λc, gaussian
filter) applied for the separation of the roughness and waviness components was set according to the
ISO 4288:2000 [34]. The 2D parameters were calculated as an average of the estimated values on all
sampling lengths over each profile.
The 3D parameters were evaluated on the two scanned areas after removal of the surface form,
short-wave and long-wave surface components (S-L surfaces) by applying a fifth order polynomial,
2.5 μm S-filter and 0.08 mm L-filter nesting indexes, respectively.
Hemispherical reflectance spectra were acquired using a double-beam spectrophotometer
(Lambda900 by Perkin Elmer, Waltham, MA, USA) equipped with a Spectralon®-coated integration
sphere (Perkin Elmer, Waltham, MA, USA) for the 0.25–2.5 μm wavelength region and a Fourier
Transform spectrophotometer (FT-IR “Excalibur” by Bio-Rad, Hercules, CA, USA) equipped with
a gold-coated integrating sphere and a liquid nitrogen-cooled detector for the range 2.5–16.5 μm.
3. Results and Discussion
3.1. Powder Synthesis and Consolidation
Neither compositional nor crystallite size changes were observed after mixing the elemental
powders before the SHS stage. This feature is strictly ascribed to the extremely mild milling conditions
correspondingly adopted, i.e., CR = 0.14, and tM = 20 min. For the sake of comparison, it should be
noted that when Zr and graphite powders were mechanically treated using a CR value of about 5.7 [5],
line reflections of carbon disappeared from the XRD patterns after 2 h of milling, and the occurrence
of an exothermic reaction was evident 20 min later. Such conditions are much more severe with
respect to those applied in the present work, where milling of reactants was only aimed at obtaining
a homogeneous mixture to be processed by SHS.
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The favorable formation enthalpy of reaction (1), i.e., (ΔH0f = ´196.648 kJ/mol) [35], makes this
reacting system prone to evolve under the combustion regime. In this regard, it should be noted that
the synthesis and the simultaneous consolidation of ZrC from its elements might be not be convenient,
as recently pointed out for similarly behaving systems processed by reactive SPS [28]. Indeed, when the
reaction for the synthesis of ZrB2 was allowed to occur under the combustion regime, the impurities
initially present in the raw powders gave rise to the sudden formation of gases, which could only
barely escape from the confined graphite crucible. As a result, non-homogeneous microstructures
and residual porosities were present in the obtained bulk products. Moreover, additional drawbacks
(die/plungers breakage, safety problems, etc.) arose during the process. Based on such considerations,
the synthesis by SHS of zirconium carbide and the densification of the resulting powders were carried
out in two distinct steps in this work.
The high exothermic character of reaction (1) was confirmed by the self-propagating behavior
exhibited by the reaction system as the pellet was locally ignited. Specifically, the generated combustion
front spontaneously travelled through the specimen with average velocity and combustion temperature
values equal to 8.5 ˘ 0.1 mm/s and 2390 ˘ 80 ˝C, respectively. The latter values are relatively lower
with respect to those ones reported in previous studies related to the synthesis of ZrC by SHS from
elemental reactants [9–11]. For instance, front velocity and combustion temperature of 1 cm/s and
2900 ˝C, respectively, were obtained by Lee et al. [9] in presence of 15 wt % ZrC as diluent. Moreover,
combustion temperature values of up to 3100 ˝C were recorded by Song et al. [10] during the synthesis
process. Such discrepancies can be mainly ascribed to the use of carbon black instead of graphite as
starting reactant. Indeed, relatively higher reactivity, with respect to the synthesis carried out using
graphite, is clearly obtained in the first case because of the amorphous nature and the finer particle
sizes (down to the nano-scale) of C black. In addition, the high-energy ball milling treatment received
by the initial mixture in Song et al. [10] investigation further promoted powder reactivity.
The XRD analysis of the synthesis product shown in Figure 1 indicates that, during SHS, the
original reactants are completely converted with the exclusive formation of the desired cubic ZrC
phase. It should be also noted that, in accordance with the typical self-cleaning character displayed
by SHS processes [36], the small amount of unidentified impurities initially present in the starting
powders were not detected in XRD spectra of the synthesis product.
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Figure 1. XRD patterns of starting reactants (a); and SHS product (b).
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The powders obtained after ball milling the SHS product for different time intervals have been
characterized in terms of particles size and morphology. The results related to the granulometry
measured by laser light scattering analysis are summarized in Table 1. As expected, all of the particles
size parameters decreased as the milling time was increased from 5 to 20 min. In particular, the average
diameter (dav) was correspondingly reduced from about 12.5 to less than 5 μm. In contrast, a peculiar
behavior was observed when the tM value was further prolonged to 2 h. Indeed, while the d10 and d50
values still decreased, to indicate that the smaller particles were monotonically reduced during milling,
the d90 parameter increased with respect to that measured after 20 min milling time. Correspondingly,
the resulting average diameter value (about 9 μm) was also relatively higher as compared to the
measurement obtained at the previous time point.
Table 1. Particle size characteristics, as determined by laser scattering analysis, and crystallite size,
obtained using the Rietveld analytical procedure, of differently ball-milled SHSed powders.
tM (min) d10 (μm) d50 (μm) d90 (μm) dav (μm) Crystallite Size (nm)
5 1.50 ˘ 0.06 9.20 ˘ 0.11 29.90 ˘ 1.65 12.60 ˘ 0.25 >200
20 0.61 ˘ 0.03 3.68 ˘ 0.01 10.12 ˘ 0.21 4.59 ˘ 0.04 137.3 ˘ 1.2
120 0.11 ˘ 0.01 1.55 ˘ 0.32 34.10 ˘ 5.85 8.99 ˘ 1.58 44.2 ˘ 0.1
An increase in particle size, as revealed by laser-scattering analysis, was also recently observed
during ball milling of commercial ZrC powders [20]. In particular, particle agglomeration was
displayed when, after sufficiently long time milling treatments, the crystallite size was reduced
at the nanoscale. Such outcome was attributed to cold-welding phenomena provoked by impacts
taking place between milling media and powders. The occurrence of cold-welding is typically observed
during milling of metal powders, as a consequence of their plastic deformation. On the other hand,
it is less likely that such a mechanism has a major role when hard refractory ceramics like ZrC, which
exhibit a fragile behavior, are mechanically processed, at least under the experimental conditions
adopted in the present work.
To better clarify this issue, the milled powders were also examined by SEM, as reported later.
Iron contamination of milled powders from vials and balls, both made of steel, was also
determined. The obtained values were less than 0.06 wt % and 0.12 wt % for the cases of ZrC
powders milled for 20 min and 120 min, respectively. These values are both rather low, albeit iron
contamination tends to become significant when the mechanical treatment is carried out for 2 h or
longer times.
The SEM images reported in Figure 2a indicate that powders processed for 5 min mainly consist
of large particles whose size is even larger than 10 μm, while a minor amount of few micrometer sized
grains is detected. Particle refinement below 10 μm clearly took place when the milling time was
increased from 5 to 20 min (cfr. Figure 2b). These outcomes are perfectly consistent with the results
obtained by laser scattering analysis, as reported in Table 1. The SEM micrograph shown in Figure 2c
indicates that when the milling treatment was prolonged to 2 h, the relative amount of smaller particles,
whose size was further reduced, increased. In addition, this feature is in agreement with data reported
in Table 1. On the other hand, some discrepancies are found when examining the relatively larger
particles obtained for tM = 2h. Specifically, the maximum size of each individual particle, generally
less than 10 μm, changed only modestly with respect to those ones resulting after 20 min milling.
However, the difference is that, in the first case (tM = 2 h), particles are extensively covered by several
submicron-sized grains. This feature explains why laser scattering analysis provided higher d90 and
dav values (cfr. Table 1) with respect to 20 min milled powders, despite of the prolonged ultrasonic
treatment carried out. Based on these observations, the formation of such aggregates is more probably
due to electrostatic charging phenomena induced by the milling process, although the contribution of
cold-welding phenomenon is not completely excluded.
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Figure 2. SEM images of SHS ZrC powders milled at different time intervals (tM): 5 min (a); 20 min (b);
and 120 min (c).
Table 1 also shows the progressive crystallite refinement of ZrC powders during the milling
treatment. Specifically, it is seen that the powders mechanically processed for 20 min and 2 h display
average crystallite sizes of about 140 nm and 45 nm, respectively. On the other hand, the size of 252 nm
resulting from the application of the Rietveld analytical procedure on the XRD pattern of 5 min milled
powders was above the threshold limit (about 200 nm) for this method. The effect of milling treatment
of commercial ZrC powders was also recently taken into account by Núñez-Gonzalez et al. [20]. The
relatively smaller crystallite size, down to 20 nm, obtained in the latter study for similar milling time
conditions can be ascribed not only to the differences in the starting powders (3 μm particles sized),
but, mainly, to the significantly more intense mechanical treatment, as demonstrated by the charge
ratio equal to four, which is twice with respect to the value adopted in the present work.
The more convenient milling time (tM), in the range 5–120 min, for the SHS powders to be
consolidated was then identified under prescribed SPS conditions, i.e., TD = 1850 ˝C and tD = 20 min.
The obtained results shown in Figure 3 indicate that an increase of the tM value from 5 to 20 min gives
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rise to a marked enhancement in powder densification. In contrast, only modest benefits are obtained
when the powders milled for 2 h were consolidated by SPS. This outcome can be associated to the
corresponding particle size evolution during the mechanical treatment (cfr. Figure 2 and Table 1),






















Figure 3. Effect of milling time on the relative density of ZrC samples obtained by SPS (TD = 1850 ˝C,
tD = 10 min, p = 50 MPa).
Along this line, it was recently reported that the SPS conditions needed to obtain nearly fully
dense zirconium diboride and carbide products were significantly affected by the mechanical treatment
previously received by the powders, only if crystallite size is reduced at the nanoscale [20,37].
In particular, the temperature level required to achieve, under 75 MPa mechanical pressure, the
complete or near-complete densification of ZrC was lowered from 2100 ˝C (3 min holding time), for the
case of as-received powders, to about 1850 ˝C (no socking time), if the crystallite size was decreased
down to 20 nm through a high-energy ball milling treatment carried out up to 3 h with CR = 4 [20].
Such results are quite consistent to those ones obtained in the present work, where similar densification
levels are also reached at 1850 ˝C when using 20 min or 120 min milled powders. The shorter sintering
time adopted by Núñez-Gonzalez et al. [20] could be likely explained by the relatively finer crystallite
size of the powders processed by SPS, as a consequence of the more severe milling treatment applied.
It should be noted that higher milling intensities were not considered in the present work to avoid
an excessive iron contamination from milling media, which would negatively affect the
high-temperature properties of the resulting material. According to the consideration above, only the
SHS powders milled for 20 min have been processed by SPS hereinafter, and the related results will be
described and discussed in what follows.
Figure 4a shows the effect of the sintering temperature in the 1750–1850 ˝C range on the
consolidation level when maintaining constant the holding time (tD = 20 min), and applied pressure
(50 MPa). As expected, higher dense samples are produced as the sintering temperature was
progressively augmented. Along the same direction, the data plotted in Figure 4b indicate that
an increase of the holding time from 5 to 20 min significantly promotes the consolidation of ZrC
powders. Nonetheless, no additional beneficial effects are obtained when the processing time was
further prolonged.
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Figure 4. Effect of (a) the sintering temperature (tD = 20 min, p = 50 MPa, tH = 10 min) and (b) dwell
time (TD = 1850 ˝C, p = 50 MPa, tH = 10 min) on the density of ZrC samples obtained by SPS.
Thus, within the experimental conditions considered in the present work, the optimal TD and tD
values able to guarantee the fabrication of about 98% (average value) dense ZrC products by SPS are
1850 ˝C and 20 min, respectively. It should be noted that such conditions are among the mildest one
reported in the literature for the obtainment of similar density levels by SPS when using commercial
ZrC powders [8,18–20,23]. The only exception is represented by the slightly lower temperatures
(1800 ˝C) recently adopted by Wei et al. [23] to obtain 97.87% dense samples when taking advantage of
a special double-die tooling setup, which enables the application of considerably higher mechanical
pressures (200 MPa).
A SEM micrograph showing the fracture surface of a dense ZrC sample obtained by SPS at
TD = 1850 ˝C and tD = 20 min is reported in Figure 5. This image shows a transgranular fracture and
a good level of consolidation, although a residual amount of closed porosity is present, with pore size
in the range 1–3 μm.
 
Figure 5. SEM image of the fracture surface of ZrC product obtained by SPS (TD = 1850 ˝C, p = 50 MPa,
tH = 10 min, tD = 20 min).
A backscattered image collected on the polished surface (Figure 6a) shows the presence of black
spots. From the In-lens image (Figure 6b), it can be appreciated that the latter ones are either pores
or residual carbon inclusions (see EDS spectrum). The total amount of carbon inclusion and pores
is, however, below 7 vol %.The mean grain size of ZrC grains is around 15 ˘ 5 μm, with minimum
grains size around 8 μm and maximum value around 28 μm, i.e., higher than monolithic ZrC obtained
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through SPS of commercial ZrC powders, which resulted to be about 13 μm [18]. It is presumed that
the ultrafine powder fraction coalesced on the coarser particles to generate larger final grains when
exposed to the high temperature conditions established during the sintering process.
Figure 6. SEM images of the polished surface of the SHS-SPSed ZrC sample showing (a) a
microstructure overview in back-scattered image mode and (b) the presence of closed porosity and
carbon inclusions in In-lens mode with the EDS spectrum of C-rich pockets inset.
As reported in the Section 2, the 40 mm diameter samples needed for the evaluation of
thermo-mechanical properties, as reported in the next section, have been produced taking advantage
of an SPS apparatus (FCT Systeme GmbH, Rauenstein, Germany), different from that one (Sumitomo,
Kanagawa, Japan) considered so far to obtain 14.7 mm sized specimens, the latter one being unable to
provide the required higher electric current levels. In this regard, it should be noted that, although
the two pieces of equipment are based on the same principle, they display some differences in the
temperature measurements. In particular, for the Sumitomo machine, the temperature is monitored
and controlled at the surface of the die, while such measurement is made at an axial point for the
FCT equipment. Thus, to compensate the thermal gradients present along the radial direction, the
dwell temperature value set in the latter case was increased from 1850 ˝C to 1950–2000 ˝C, while the
holding time and the applied pressure remained unchanged, i.e., 50 MPa and 20 min, respectively.
Correspondingly, the obtained products are characterized by density of 97.3% or higher values, which
fall within the error bar of the data reported in Figure 4 for smaller diameter samples. Moreover,
SEM analysis performed on the resulting SPSed products indicated that the ZrC grains size were
also comparable in the two cases. Based on these findings, it is possible to state that SHS powders
undergoing sintering are subjected to similar thermal cycles in the two machines.
3.2. Mechanical Characterization
The hardness of monolithic ZrC samples obtained in this work by SPS was 17.5 ˘ 0.4 GPa. This
value is in very good agreement with those previously found on monophasic ZrC produced through
SPS from commercial powders, i.e., 17.9 ˘ 0.6 GPa [18]. Higher values could be likely obtained if the
mean grains size, residual porosity and carbon inclusions are significantly reduced.
As for fracture toughness, the resulting mean KIC value, 2.6 ˘ 0.2 MPa¨ m0.5, is slightly larger
than the one found for ZrC-based materials containing 1 vol % MoSi2, i.e., 2.1 ˘ 0.2 MPa¨ m0.5 [18]. The
brittleness of this material is also testified by the tendency of chipping of the surface during loading or
immediately after the releasing of the load.
The room temperature strength of the ZrC products resulting from SHSed powders was
248 ˘ 66 MPa, in the same order of the values reported in the literature for ZrC-based ceramics
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produced by pressureless sintering [13]. Nonetheless, it should be noted that these values are
significantly lower than those found for monolithic ZrC obtained by SPS from commercial powder
(H.C. Starck, Grade B, Karlsruhe, Germany) [18], 407 ˘ 38 MPa, although, in the latter case, strength
data refer to three-point bending strength performed on smaller bars (1.0 mm ˆ 0.8 mm ˆ 10 mm).
Such discrepancies between monolithic samples obtained from SHS or commercial powders could be
due to the different grain size distribution of the two materials, as mentioned above, and to the presence
of different volume amount of free carbon, 5 vol % and 2 vol %, respectively. However, it should be
noted, that the bending strength of the ceramic produced by SHS/SPS remained basically unaltered,
i.e., 247 ˘ 36 MPa, when the test was carried out at 1000 ˝C. Only when the testing temperature was
further increased to 1200 ˝C was a notable drop down to 85 MPa observed. Correspondingly, the
monolithic sample resulted as being strongly exfoliated at such a temperature, probably owing to
residual traces of oxygen remained trapped in the furnace during the test.
3.3. Optical Properties
Before performing the optical measurements, the polished sample surface was preliminarily
characterized from the topological point of view. The mean values of the 2D and 3D surface texture
parameters, obtained according to the ISO 4287:1997 [38] and ISO 25178-2:2012 [39], respectively, are
reported in Table 2 along with the corresponding standard deviations.
Table 2. Description and average (Av.) values of the measured two-dimensional (2D) and three-dimensional
(3D) surface parameters.
2D Parameters Av. Values Description
Ra (μm) 0.009 ˘ 0.004 Arithmetic Mean Deviation of the roughness profile.
Rq (μm) 0.014 ˘ 0.006 Root-Mean-Square (RMS) Deviation of the roughness profile.
Rsk ´0.91 ˘ 0.15 Skewness of the roughness profile.
Rku 4.90 ˘ 0.56 Kurtosis of the roughness profile.
Rp (μm) 0.020 ˘ 0.012 Maximum Peak Height of the roughness profile.
Rv (μm) 0.047 ˘ 0.017 Maximum Valley Depth of the roughness profile.
Rz (μm) 0.068 ˘ 0.028 Maximum height of roughness profile on the sampling length.
Rc (μm) 0.043 ˘ 0.020 Mean height of the roughness profile elements.
Rt (μm) 1.29 ˘ 0.77 Total height of roughness profile (on the evaluation length).
RSm (mm) 0.076 ˘ 0.012 Mean Width of the roughness profile elements.
Rdq 0.43 ˘ 0.19 Root-Mean-Square Slope of the roughness profile.
3D Parameters Av. Values Description
Sa(μm) 0.070 ˘ 0.030 Arithmetic mean height of the S-L Surface.
Sq(μm) 0.56 ˘ 0.16 Root mean square height of the S-L Surface.
Ssk ´11.4 ˘ 5.2 Skewness of the S-L Surface.
Sku 150 ˘ 70 Kurtosis of the S-L Surface.
Sp(μm) 11.0 ˘ 3.10 Maximum peak height in the S-L Surface.
Sv(μm) 19.6 ˘ 1.60 Maximum pit height of the S-L Surface.
Sz(μm) 30.6 ˘ 4.7 Maximum height of the S-L Surface.
Ra and Rq represent the most commonly amplitude parameters used in surface texture
characterization and provide the average roughness. The Rq parameter has a more statistical
significance with respect to Ra and is related, as the 3D height parameter Sq, to the surface energy
and to the amount of light scattered from smooth surfaces [40]. The analyzed surfaces show very low
values of both Ra (0.009 μm) and Rq (0.014 μm).
However, Ra and Rq do not give information about the shape of surface irregularities and
the abnormal peaks or valleys do not affect significantly their values. The skewness and kurtosis
parameters are related to defects distribution of the studied surface: negative values of Rsk indicate
the prevalence of pores or valleys, while Rku values higher than three indicate the presence of sharp
defects. Specifically, the values of these parameters for the ZrC samples show that the distribution
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of the extracted profile heights is asymmetric, negative (Rsk = ´0.91) and quite narrow, (Rku = 4.9).
The parameter Rdq is related to the optical properties of the surface and low values, as for the
present case (Rdq = 0.43), specify that the surface is a good reflector. The profile slope is very low.
Therefore, the measured 2D amplitude parameters indicate that the studied surface is very smooth but
is characterized by the presence of valleys or holes.
The values of the 3D parameters reported in Table 2 are higher than the corresponding 2D,
probably because of the larger sampling area that may include a high number of surface defects.
Particularly high is the value of the Sku parameter. This outcome may be due to the fact that this index
is extremely sensitive to local defects (holes or valleys) and also to error propagation, since it depends
on high order powers in its mathematical expression. In any case, the 3D parameters are in substantial
agreement with the corresponding 2D parameters and confirm the previous findings.
Figure 7 shows the hemispherical reflectance of the ZrC specimen. It is possible to appreciate the
typical step-like spectrum of UHTC carbides, characterized by a low reflectance (i.e., a high optical
absorption) in the visible-near infrared and a high reflectance plateau (i.e., a low thermal emittance) at
longer infrared wavelengths.
 
Figure 7. Hemispherical reflectance spectrum of ZrC sample.
For solar absorber applications, sunlight absorption characteristics are quantified by the total









which is defined in terms of the spectral directional-hemispherical reflectance ρ’X(λ,T) (i.e., the
hemispherical reflectance acquired for a given incidence direction of light, like it happens for
measurements carried out with an integrating sphere) and of sunlight spectrum S(λ) [41]. The
energy lost by thermal radiation by the absorber heated at the temperature T is connected to the total
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where B(λ,T) is the blackbody spectrum at the temperature T. The α/ε ratio is called spectral selectivity
and is connected to the material ability to respond differently to optical radiation in the sunlight and
thermal emission spectral ranges. Thus, roughly speaking, an ideal solar absorber should have a high
α « 1, a low ε « 0 and the highest as possible α/ε parameter. Under the remarks made by the authors
in a recent work [42], the ρ’X(λ,T) function can be approximated with the spectral hemispherical
reflectance measured at room temperature.
For the sake of comparison of the sample tackled in the present work with analogous previously
investigated systems, i.e., sintering aid-doped ZrC [43] and fully dense monolithic ZrB2 obtained by
SHS/SPS [44]. Parameters appearing in Equations (2) and (3) have been calculated by considering
integration bounds λmin = 0.3 μm, λmax = 2.3 μm, λ1 = 0.3 μm, λ2 = 15.0 μm and temperatures of
1200 K and 1400 K. Correspondingly, α = 0.51, ε(1200 K) = 0.21, and ε(1400 K) = 0.24 are obtained
for the case of the ZrC sample produced in this work, which leads to α/ε(1200 K) = 2.4, and
α/ε(1400 K) = 2.1. Based on these results, it can be stated that the latter product is slightly
less absorptive and emissive with respect to MoSi2-containing ZrC samples (α = 0.55–0.56 and
ε(1200 K) = 0.23–0.27), while spectral selectivity (2.4–2.1) is similar [43]. In addition, when the
comparison is extended to the bulk additive-free ZrB2 material recently processed following the
same SHS/SPS route [40], it is found that the ZrC product appears slightly more absorptive and
emissive, i.e., αZrB2 = 0.47, εZrB2(1400 K) = 0.18, with a slightly higher spectral selectivity displayed by
the diboride system (α/ε = 2.6).
Finally, it should be mentioned that a possible criticism for UHTCs in solar applications is
represented by the relatively low solar absorbance when comparing them, for instance, to silicon
carbide. However, it has been recently demonstrated,in the case of hafnium carbide [45], that
solar absorbance can be significantly increased by surface texturing without detrimentally affecting
thermal emittance.
4. Conclusions
ZrC-based ultra-refractory ceramics are promising candidate materials for solar energy and
application in other industrial fields. In spite of their technological interest, the conventional processing
technologies generally utilized to obtain highly dense products require severe sintering conditions
(temperatures above 2000 ˝C and dwelling times on the order of hours), unless sintering aids are
introduced. In this work, about 98% dense monolithic ZrC samples are successfully produced by SPS
after 20 min holding time at 1850 ˝C, being the starting powders preliminarily synthesized by SHS
followed by 20 min ball milling treatment. The milder sintering conditions adopted in this work can
be taken as an indication of the high sintering ability of the powder produced by SHS.
The measured Vickers hardness and fracture toughness of the resulting material, 17.5 ˘ 0.4 GPa
and 2.6 ˘ 0.2 MPa¨ m0.5, respectively, are similar to the values reported in the literature for ZrC
monoliths. The relatively low mechanical strength, about 250 MPa at room temperature, is likely
associated to the coarse microstructure characterizing the bulk ceramic, with grain size up to 28 μm,
as well as to the presence of residual pores and carbon inclusions. Nevertheless, the obtained room
temperature strength remains basically unchanged up to 1000 ˝C, whereas such a property becomes
significantly worse (85 MPa) as the temperature is further increased to 1200 ˝C. In this regard, the
use of higher purity and finer initial powders are expected to improve the densification as well as the
microstructure of the sintered product and, in turn, the resulting strength.
The topological 2D and 3D characterization of the polished sample exposed to optical
measurements indicate that the studied surface is very smooth, albeit valleys or holes are also present.
Regarding the optical behavior, the obtained ZrC specimen displayed a step-like spectrum, typical
of transition metal carbides, with high absorption in the visible-near infrared area and low thermal
emittance at longer infrared wavelengths. Furthermore, the resulting spectral selectivity values are
sufficiently good, 2.4 and 2.1 at 1000 K and 1400 K, respectively.
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In summary, it is possible to conclude that the combination of the SHS and SPS routes provide
highly dense ZrC products with performances for solar absorber applications comparable with
those displayed by analogous UHTC materials, specifically monolithic ZrB2 obtained with the same
synthesis/sintering techniques and additive-containing ZrC produced by alternative methods.
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Abstract: The effects of lithium doping on the sintering and grain growth of non-stoichiometric
nano-sized magnesium aluminate spinel were studied using a spark plasma sintering (SPS) apparatus.
Li-doped nano-MgO¨ nAl2O3 spinel (n = 1.06 and 1.21) powders containing 0, 0.20, 0.50 or 1.00 at. %
Li were synthesized by the solution combustion method and dense specimens were processed
using a SPS apparatus at 1200 ˝C and under an applied pressure of 150 MPa. The SPS-processed
samples showed mutual dependency on the lithium concentration and the alumina-to-magnesia
ratio. For example, the density and hardness values of near-stoichiometry samples (n = 1.06) showed
an incline up to 0.51 at. % Li, while in the alumina rich samples (n = 1.21), these values remained
constant up to 0.53 at. % Li. Studying grain growth revealed that in the Li-MgO¨ nAl2O3 system,
grain growth is limited by Zener pining. The activation energies of undoped, 0.2 and 0.53 at. %
Li-MgO¨ 1.21Al2O3 samples were 288 ˘ 40, 670 ˘ 45 and 543 ˘ 40 kJ¨ mol´1, respectively.
Keywords: grain growth; lithium; magnesium aluminate spinel; precipitation; SPS
1. Introduction
Magnesium aluminate spinel (MgO¨ nAl2O3) is an attractive ceramic material for many technological
applications, owing to its combination of excellent mechanical and optical properties [1–3]. To realize
and maximize its qualities, the spinel must be sintered to full density. Sintering to full density is usually
a difficult goal to achieve, given the requirements of high pressure and elevated temperatures. Yet,
even then, variations in powder quality and densification processes can cause optical defects [4–6]. To
overcome these issues, the use of sintering additives, such as Na3AlF6 [7], AlF3 [3], B2O3 [8], AlCl3 [3],
CaO [2], LiF [9–11] and CaCO3 + LiF [4], has been proposed. Of these, it was established that LiF
consistently allowed for the sintering of transparent spinel [6,9–12]. As such, the effect of LiF on the
sintering behavior of MgAl2O4 has been extensively studied [6,9–14], including by Meir et al. [10] and
Rosenburg et al. [11].
Two mechanisms were proposed to explain the enhanced sintering kinetics and improved
transparency attained by the sintered parts. The first involves the formation of a liquid phase
(LiF, melting point (m.p.) ~847 ˝C) at relatively low temperature that wets the MgAl2O4 particles and
likely aids densification by particle rearrangement and liquid-phase sintering. The second mechanism
was proposed to act at higher temperatures. Here, LiF decomposes and the highly reactive F´
ions react with impurities (e.g., C and S), thereby cleaning/activating particle surfaces. In turn, the
Li+ cations react with the spinel, resulting in accelerated mass transport due to the formation of
oxygen vacancies. Recently, we studied the effects of lithium on the energetics, thermal stability, and
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coarsening of MgO¨ nAl2O3, as well as its solubility in two-alumina-rich spinel compositions (n = 1.06
and n = 1.21). It was established that the phase stability of Li-doped, near-stoichiometry (n = 1.06)
spinels is size-dependent. The spinel structure was able to hold up to 1 at. % lithium at grain sizes
smaller than 30 nm, whereas for larger crystallite sizes, Mg(Li,Al)O and γ-LiAlO2 phases precipitated.
The aluminum-rich samples (n = 1.21) showed greater phase stability, with decomposition occurring
only above 1 at. % lithium, independent of crystallite size. The measured surface (and interface)
enthalpies of MgO¨ 1.06Al2O3, MgO¨ 1.21Al2O3 and 0.20 at. % Li-MgO¨ 1.21Al2O3 were 1.51 ˘ 0.15
(0.42 ˘ 0.20) Jm´2, 1.17 ˘ 0.15 (0.32 ˘ 0.21) and 1.05 ˘ 0.12 (0.24 ˘ 0.18) Jm´2, respectively [15].
These values are in agreement with the lower coarsening tendency of aluminum-rich spinels [15].
Spark plasma sintering is a well-established method for sintering transparent magnesium aluminate
spinel [10,16–24] which combines axial pressure with heating via an electrical current passing through
a die containing the powder body. A LiF sintering additive (~1 wt. %) is typically required
for transparency.
In the present work, dense bodies from various lithium-doped nano-MgO¨ 1.06Al2O3 and
MgO¨ 1.21Al2O3 spinels were SPS-processed and their microstructure and phase composition were
analyzed. The cardinal role of the Li additive is emphasized and discussed.
2. Materials and Experimental Procedures
Li-doped nano-MgO¨ nAl2O3 spinel (n = 1.06 and 1.21) powders containing 0, 0.20, 0.50 or
1.00 at. % Li were synthesized by the solution combustion method [25], as described in detail by
Mordekovitz and Hayun [15]. A 100 mL water-based solution was prepared with the appropriate
amount of magnesium nitrate (Mg(NO3)2¨ 6H2O, 96% metal basis, Fluka Analytical, St. Louis, MO,
USA), aluminum nitrate (Al(NO3)3¨ 9H2O, 96% metal basis, Fluka Analytical) and lithium acetate
(LiCH3CO2¨ 2H2O, reagent grade, metal basis, Alfa Aesar, Haverhill, MA, USA). Thirty-seven grams of
citric acid (ACS reagent ě99.5) and 6 mL ethylene glycol (anhydrous, 99.8%, Sigma Aldrich, St. Louis,
MO, USA) were added to the solution. The resulting mixtures were evaporated at 120 ˝C under
agitation by magnetic stirring until high-viscosity foam-like colloids had formed. Finally, the dried gel
precursor was calcined at 850 ˝C for 72 h to obtain a fine powder. Sintering was conducted in a Spark
Plasma Sintering Machine (FCT Systems GmbH, Rauenstein, Germany) using a modified elevated
pressure set-up capable of delivering uniaxial pressures greater than 500 MPa. Ten millimeter disks
were sintered using a graphite die (20 mm outer diameter) with silicon carbide (SiC) plungers placed
inside a conventional 20 mm graphite die-and-plunger set. All SPS experiments were conducted
in a low vacuum (1.3 hPa), with a K-type control thermocouple in contact with the outer wall of
the ø10 mm die. The sintering procedure was conducted at 1200 ˝C under 150–300 MPa of uniaxial
pressure. The heating rate was 50 ˝C/min and the holding time at the highest temperature was
15 min. Grain growth heat treatments were performed in air for 8, 24 and 72 h at a temperature
range of 1300–1450 ˝C. X-ray powder diffraction (XRD) was performed using a Rigaku RINT 2100
diffractometer with Cu Kα radiation (Tokyo, Japan). The operating parameters were 40 KV and 40 mA
with a 2θ step of 0.02˝. Cell parameters were calculated from the diffractions obtained using the MDI
Jade 2010 software package (version 2.8.1, 2014, Materials Data, Livermore, CA, USA).
Microstructure was studied using high-resolution scanning electron microscopy (HRSEM,
JEOL-7400F, Tokyo, Japan) and by transmission electron microscopy (TEM) using a JEOL 2100
(Tokyo, Japan) microscope equipped with a high-angle annular dark-field (HAADF) GATAN detector.
Samples for scanning electron microscope (SEM) characterization were prepared using a standard
metallographic procedure, finalized by polishing with a 1 μm diamond paste. Polished specimens
were thermally etched at the same heat treatment temperature for 6 min.
TEM and STEM (scanning transmission electron microscope) samples were prepared from
a copper-matrix composite with the spinel samples being embedded in the soft copper matrix,
as described in detail by Halabi et al. [26] this technique was used in order to overcome charge-related
issues encountered during the TEM work. The spinel samples were ground and mixed with pure
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copper powder (~10 μm). Disks 3 mm in diameter and 70 μm thick were pressed and sintered at
700 ˝C in an N2 atmosphere. The perforation stage was carried out using a Gatan Dimpler and
Precision Ion Polishing System. Grain size was estimated using Thixomet software [27] for image
analysis. The density of the specimens was measured by the Archimedes method (ASTM Standard
B-311 [28]), while Vickers hardness was measured using a Buehler–Micromet 2100 hardness tester (2 kg
load, ASTM Standard C-1327 [29]). The samples were polished to an optical level for transmission
measurements at 500 and 1000 nm wavelengths (Spectrophotometer V-1100D, MRC, Holon, Israel).
3. Results and Discussion
3.1. Phase Composition
Figure 1 shows XRD patterns for Li-doped and undoped nano-crystalline MgO¨ 1.06Al2O3 and
MgO¨ 1.21Al2O3 samples synthesized by the combustion synthesis technique. The patterns indicate
the presence of a spinel phase with relatively broad reflection peaks, suggesting small crystallite sizes
calculated to range between 9.2 ˘ 0.2 and 32.5 ˘ 0.6 nm in the pure and doped samples (Table 1).
Detailed characterization of the nano-powders prepared by this method can be found elsewhere [15].
Figure 1. XRD patterns of as-synthesized powder samples.
Typical SPS-processed specimens from as-synthesized MgO¨ 1.06Al2O3 powders containing
different amounts of lithium are shown in Figure 2. The effect of lithium on the translucency of
the MgO¨ 1.06Al2O3 specimens is very apparent. In the present study, no attempts to determine
optimal sintering conditions were made, with all of the compositions being sintered under the
same conditions. The density, transmittance and hardness values (Table 1) of the samples prepared
from near-stoichiometric powders (n = 1.06) all show maxima in the 0.51 at. % Li-MgO¨ 1.06Al2O3
composition. Alumina-rich powders (n = 1.21) containing up to 0.53 at. % Li only reached about 95%
of the theoretical density under these sintering conditions. Moreover, the samples showed no change
in density, transmittance or hardness up to 0.53 at. % Li. At a higher lithium content (i.e., 1.04 at. %),
enhanced sinterability was observed.
Figure 2. Photograph of Li-MgO¨ 1.06Al2O3 SPS-processed samples. The polished specimens are
10 mm in diameter and ~1.5 mm thick. The effect of lithium on transparency is visible.
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The microstructures of the different SPS-processed specimens are presented in Figure 3. While the
microstructure of the undoped MgO¨ 1.06Al2O3 sample displayed a homogeneous nano-structure
with equiaxed grains (Figure 3), the Li-doped samples consisted of two grain size populations.
The doped and undoped MgO¨ 1.21Al2O3 samples with lithium doping lower than 1.04 at. % seemed
to be unaffected by the lithium addition and displayed similar equiaxed microstructures (Figure 3).
The 1.04 at. % Li-MgO¨ 1.21Al2O3 sample, however, showed a similar microstructure to the 1.03 at. %
Li-MgO¨ 1.06Al2O3 sample. The corresponding grain size distribution (an example is shown in Figure 4)
exhibited a log-normal characteristic for all samples, with the calculated values summarized in Table 1.
The grain size of near-stoichiometric specimens (n = 1.06) increased monotonically with the addition
of lithium. However, this value appeared constant in alumina-rich powders (n = 1.21) containing up to
0.53 at. % Li. At higher lithium content (1.04 at. %), this value increased.
MgO·1.06Al2O3 
MgO·1.21Al2O3 
Figure 3. SEM micrographs of MgO¨ 1.06Al2O3 and MgO¨ 1.21Al2O3 SPS-processed samples. (a)–(h).
Figure 4. Typical grain size distribution and log-normal fitting of MgO¨ 1.06Al2O3 and MgO¨ 1.21Al2O3
with and without lithium addition processed by SPS.
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The XRD patterns of the SPS-processed specimens are shown in Figure 5. The SPS-processed
MgO¨ 1.06Al2O3 and 0.00–0.51 at. % Li-MgO¨ 1.21Al2O3 samples remained as a solid solution, while in
the case of the 1.04 at. % Li-MgO¨ 1.21Al2O3 and 0.28 through 1.03 at. % Li-MgO¨ 1.06Al2O3 samples,
Mg(Al,Li)O solid solution (MgO s.s.) and γ-LiAlO2 [30,31] precipitated. The amounts of MgO s.s.
precipitation were calculated using the Vegard rule and data from Reference [30] and are listed in
Table 1. It should be noted that the γ-LiAlO2 reflections were barely within the detection limit level of
the XRD and were estimated to account for less than 1 wt. %. Similar behavior was found for the same
powders after annealing at 1350 ˝C for 8 min in air [15].
Figure 5. XRD patterns of Li-doped MgO¨ nAl2O3 (n = 1.06 and 1.21) SPS-processed samples.
The precipitated MgO s.s. and γ-LiAlO2 phases are marked by s and γ, respectively.
In general, for samples containing up to 53.0 at. % Li, the cell parameters were 8.0810 ˘ 0.0005 Å
and 8.0652 ˘ 0.0005 Å for n = 1.06 and 1.21, respectively. At higher Li content, both 1.03 at. %
Li-MgO¨ 1.06Al2O3 and 1.04 at. % Li-MgO¨ 1.21Al2O3 samples displayed the same cell parameter
(8.0776 ˘ 0.0004 Å).
3.2. Grain Growth
The undoped, 0.28 and 0.53 at. % Li-doped MgO¨ 1.21Al2O3 SPS-processed samples remained as a
solid solution, all the while exhibiting homogeneous microstructures with equiaxed polyhedral-shaped
grains. To reveal the effect of lithium on grain growth mechanisms, the grain sizes resulting from a set
of heat treatments at various temperatures and times were measured (Table 2, Figure 6).





1300 105 ˘ 8 125 ˘ 10 229 ˘ 6
1375 131 ˘ 10 200 ˘ 19 272 ˘ 26
1450 181 ˘ 12 292 ˘ 26 513 ˘ 22
0.28-MgO¨ 1.21Al2O3
1300 111 ˘ 5 147 ˘ 10 157 ˘ 7
1375 154 ˘ 5 242 ˘ 18 249 ˘ 18
1450 306 ˘ 11 438 ˘ 9 991 ˘ 115
0.53-MgO¨ 1.21Al2O3
1300 113 ˘ 8 116 ˘ 5 201 ˘ 7
1375 149 ˘ 8 237 ˘ 53 280 ˘ 8
1450 197 ˘ 18 300 ˘ 6 948 ˘ 47
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Figure 6. Micrographs of the undoped, 0.2 and 0.53 at. % Li-doped MgO¨ 1.21Al2O3 samples after
heat-treatment at 1375 and 1450 ˝C for 24 h. The presence of the fine grain clusters is marked by
red circles.
The undoped MgO¨ 1.21Al2O3 sample showed monotonic grain growth with temperature and
time. The lithium-doped samples, however, presented a more complex behavior. At low temperatures
and short holding times, the lithium-doped samples showed a monotonic-like behavior similar
to the undoped samples. At higher temperatures (i.e., 1450 ˝C, 8 h) or longer dwelling periods
(i.e., 1300 ˝C, 24 h), the 0.53 at. % Li-MgO¨ 1.21Al2O3 sample displayed lesser growth than the 0.20 at. %
Li-MgO¨ 1.21Al2O3 sample (Figure 6). After a longer thermal exposure, namely 72 h at 1450 ˝C
(Figure 6), the doped samples showed enhanced grain growth, reaching a size double that of the
undoped sample.
Closer examination of the SEM images of the samples after heat treatment for 24 h at 1375 and
1450 ˝C (Figure 6) revealed the presence of small clusters of fine grains between larger grains in the
doped samples. This finding suggests that lithium-rich phases may have precipitated during the heat
treatments, which could explain the growth behavior of the doped samples.
Unfortunately, XRD analysis of these samples indicated only the presence of a spinel phase
(Figure 7). Although no second phase was found, it might still be present, but it would remain
undetected by the XRD technique if the phase only had a minor vol % and nano-sized dimensions [32].







1375o C,  72hr.
As - processed
1450o C,  72hr.
Figure 7. XRD spectra of as-processed and heat-treated to 1375 ˝C (72 h) and 1450 ˝C (72 h) samples.
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To identify the nature of these fine grains, TEM analysis was performed on 0.20 at. %
Li-MgO¨ 1.21Al2O3 before and after heat treatment at 1450 ˝C for 24 and 72 h (Figure 8). The TEM
image of the SPS-processed 0.20 at. % Li-MgO¨ 1.21Al2O3 sample (Figure 8a) showed only spinel grains
and confirmed the results of the XRD investigation regarding phase composition. After heat treatment
at 1450 ˝C for 24 h, the presence of nano-particles of γ-lithium aluminate at the grain boundaries was
detected (Figures 8b and 9).
Figure 8. BF-TEM images of 0.20 at. % Li-MgO¨ 1.21Al2O3 spinel system as-processed (a); heat-treated
at 1450 ˝C for 24 h (b); and heat-treated at 1450 ˝C for 72 h (c). Second phase in grain boundary,
especially in triple points, is clearly visible in the heat-treated samples.
Figure 9. BF-TEM image of SPS spinel samples doped with 0.20 at. % Li after heat treatment at 1450 ˝C
for 24 h (a); the white particles in the DF-TEM image are the γ-LiAlO2 phase (b); BF-TEM image of
spinel samples doped with 0.20 at. % Li after heat treatment at 1450 ˝C for 72 h (c); the selected area
diffraction patterns indicate the reflection of (1 1 0) of the γ-LiAlO2 phase.
In a previous study, we showed that the solubility limit of lithium in a spinel structure is controlled
both by the Al-to-Mg ratio and by grain size [15]. Thus, even though no signs of second phase
precipitation were present in the as-sintered 0.20 and 0.53 at. % Li-MgO¨ 1.21Al2O3 samples, additional
grain growth would promote lithium segregation to the grain boundaries and precipitation of a second
phase. The segregation of lithium to the grain boundary increases the grain growth rate by reducing
the grain boundary energy [15]. On the other hand, second phase precipitation impedes grain growth
via the Zener pinning mechanism [33–36]. Such behavior can be seen in Figure 10. The 0.2 at. %
Li-MgO¨ 1.21Al2O3 spinel shows enhanced grain growth up to 24 h (<D> ~140 nm), after which time
the growth is inhibited for a prolonged period of annealing due to second phase precipitation. In the
more Li-rich samples (i.e., 0.53 at. % Li), grain growth was inhibited at an early stage due to earlier
second phase appearance. Further coarsening was related to precipitate coarsening followed by the
grain coarsening [36].
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Figure 10. Grain sizes vs. annealing time of undoped, 0.2 and 0.53 at. % Li-doped MgO¨ 1.21Al2O3
samples at 1300 ˝C.
Activation energy analysis of undoped, 0.2 and 0.53 at. % Li-doped MgO¨ 1.21Al2O3 grain growth
was performed using the phenomenological kinetic grain growth equation:





where Gt and G0 are the grain sizes at times t and t = 0, respectively, n is the grain growth exponent,
K0 is the pre-exponential constant of the diffusion coefficient, Q is the activation energy for grain
growth, T is the absolute temperature, and R is the gas constant.
The grain growth exponent or n value is readily determined as the inverse of the slope of a log G
vs. log t plot. Using the original particle size as G0, the grain size data can be fitted to linear lines with
similar correlation factors (R = 0.998 and 0.937) for both the grain growth exponents of n = 2 (grain
boundary–controlled diffusion) and n = 3 (lattice-controlled diffusion). This is in agreement with other
works using either n = 2 or 3 [37,38]. Using n = 2, the activation energy and kinetic constant (K0) for
undoped MgO¨ 1.21Al2O3 were found to be 288 ˘ 40 kJ¨ mol´1 and 2.09 ˆ 106 μm2/h. These values
are in agreement with other data and are found between the values for MgAl2O4 and MgO¨ 1.56Al2O3
(Table 3). The activation energies and K0 for 0.2 and 0.53 at. % Li-MgO¨ 1.21Al2O3 were found to
be 670 ˘ 45, 543 ˘ 40 kJ¨ mol´1 and 3.41 ˆ 1018, 3.78 ˆ 1014 μm2/h, respectively; these values are
significantly higher than those of the undoped sample. These findings are in line with the effect of
the Zener pining mechanism, where grain growth is impeded at early stages by the secondary phase.
Once the secondary phase has grown and the impediment is lifted, the spinel grains show enhanced
growth (see data in Table 2) that can be attributed to the effect of lithium on the diffusion, by way of
imposing oxygen vacancies [9–11,15].
Table 3. Grain growth parameters for 0–0.53 at. % Li-MgO¨ 1.21Al2O3.
MgO¨ nAl2O3 Activation Energy for Grain Growth (kJ/mol) ln(K0)
Undoped
1.56 (Chiang [39]) 248 ˘ 29 16.35
1.21 (This study) 288 ˘ 40 14.55
1.013 (Chiang [39]) 422 ˘ 10 28.23
~1.00 (Bratton [40]) 462 30.54
at. % Li Lithium doped n = 1.21 (This study)
0.20 670 ˘ 45 42.67
0.53 543 ˘ 40 33.56
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4. Summary
The effects of lithium doping on the sintering and grain growth kinetics of non-stoichiometric
nano-MgO¨ nAl2O3 spinel with n = 1.06 and 1.21 were studied using a spark plasma sintering apparatus.
The near-stoichiometry (n = 1.06) Li-doped samples showed higher sinterability in comparison with the
aluminum-rich samples (n = 1.21) but also lower phase stability, with Mg(Li,Al)O and γ-LiAlO2 phases
precipitating during the course of the sintering process. Still, the aluminum-rich system (n = 1.21)
showed greater phase stability up to 1 at. % of lithium for samples with grain sizes lower than 100 nm.
The grain growth study indicated that in the Li-MgO¨ nAl2O3 system, grain growth was controlled by
the Zener pining mechanism, where γ-LiAlO2 precipitated at the grains boundaries. The activation
energies of the undoped, 0.20 and 0.53 at. % Li-MgO¨ 1.21Al2O3 samples were 288 ˘ 40, 670 ˘ 45 and
543 ˘ 40 kJ¨ mol´1, respectively.
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MgO s.s. Mg(Al,Li)O solid solution
BF-TEM bright field transmission electron microscope
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Abstract: A spark plasma sintering (SPS) apparatus was used for the first time as an analytical testing
tool for studying creep in ceramics at elevated temperatures. Compression creep experiments on
a fine-grained (250 nm) polycrystalline magnesium aluminate spinel were successfully performed
in the 1100–1200 ˝C temperature range, under an applied stress of 120–200 MPa. It was found that
the stress exponent and activation energy depended on temperature and applied stress, respectively.
The deformed samples were characterized by high resolution scanning electron microscope (HRSEM)
and high resolution transmission electron microscope (HRTEM). The results indicate that the creep
mechanism was related to grain boundary sliding, accommodated by dislocation slip and climb.
The experimental results, extrapolated to higher temperatures and lower stresses, were in good
agreement with data reported in the literature.
Keywords: creep; spinel; SPS
1. Introduction
The use of spark plasma sintering (SPS) has continuously expanded over the past 20 years
thanks to its excellent sintering capabilities. A special configuration of SPS tooling, described in our
previous work [1,2], makes it possible to apply uniaxial pressure up to 1 GP during the sintering
process. Sintering under high pressure allows for significant reduction of processing temperatures and
fabrication of nano-structured ceramics. It was reported [1] that nano-structured magnesium aluminate
spinel specimens, possessing a unique combination of optical and mechanical properties, could be
fabricated under a uniaxial pressure of 400 MPa at 1200 ˝C. One of the main densification mechanisms
acting in the final stage of sintering under elevated pressure is high temperature deformation (creep)
of ceramic particles or grains [3]. The creep behavior of polycrystalline magnesium aluminate spinel
and its capability to undergo superplastic deformation at relatively high temperatures (1300–1800 ˝C)
over a wide range of applied stresses (1–200 MPa) have been investigated [4–11]. However, to the
best of our knowledge, there is no data on creep behavior under conditions close to those that are
applied during the high pressure SPS process. The data output of the SPS system includes temperature,
applied pressure, relative punch displacement (RPD) and electric pulse parameters (i.e., voltage, mode
of current, frequency, etc.). In principle, the SPS apparatus is a high temperature dilatometer and can
be used for the investigation of mechanical properties of ceramics at high temperatures. The accuracy
of RPD measurements (about 1 μm) is suitable for high temperature experiments, such as creep. In the
present study, an SPS apparatus was used to investigate the creep behavior of magnesium aluminate
spinel for the first time.
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2. Materials and Experimental Procedures
Magnesium aluminate spinel samples intended for creep testing were fabricated by SPS (HP-D10,
FCT Systems, Rauensein, Germany) from a commercial MgO¨ Al2O3 powder (S30CR Baikowski Chimie,
La Blame de Silingy, France) with a specific surface area of 30 m2/g, impurities levels of 10, 10, 20 and
5 ppm for Fe, Na, Si and Ca, respectively. SPS was performed inside a graphite die with 12 mm height
and 20 mm diameter. The sintering parameters were a sintering temperature of 1300 ˝C, a dwell time
of 20 min, a heating rate of 10 ˝C/min, an applied pressure of 60 MPa and a cooling rate of 50 ˝C/min.
The sintered samples were fully dense, with a grain size of about 250 nm. The spinel samples were
precisely machined into a cylindrical geometry 12 mm in height and 6 mm in diameter. The creep
experiments were conducted in the SPS apparatus with a DC pulse-mode current pattern (pulse 5 ms
and pause 2 ms). A non-constrained sample was placed inside the high pressure SPS tooling, which
consisted of an outer graphite die (outer diameter, 50 mm) and an inner die made of silicon carbide.
The silicon carbide die had 10 mm inner and 20 mm outer diameters. A K-type thermocouple was
inserted through the outer graphite die and placed in contact with the inner SiC die. Samples were
heated to the initial temperature of 1100 ˝C at a heating rate of 200 ˝C/min. Each compression creep
experiment was conducted under constant pressures of 120, 150 and 200 MPa at various temperatures
of 1100, 1150 and 1200 ˝C, with a dwell time of about 2 h. The microstructure of the polished and
thermally etched (1400 ˝C for 10 min under ambient atmosphere) samples was examined using a high
resolution scanning electron microscope (HRSEM; JSM-7400, JEOL, Tokyo, Japan) The grain size was
estimated by Thixomet software (Thixomet, St.-Petersburg, Russia) for image analysis [12,13]. Samples
for high resolution transmission electron microscope (HRTEM) analysis were prepared by a focused
ion beam (FIB; Helios NanoLab 600, FEI, Hillsboro, OR, USA) and examined using a high resolution
transmission electron microscope (HRTEM; JEM-2010F, JEOL, Tokyo, Japan).
3. Results and Discussion
3.1. Strain Rate
Creep curves for spinel were obtained from the experimental data recorded by the SPS system.
RPD was converted to strain according to the initial specimen height (Figure 1).
 
Figure 1. Creep curves for spinel under pressures of 120–200 MPa in the 1100–1200 ˝C temperature
range. The dashed lines indicate change of the slope.
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Each creep curve consists of three domains, each related to the creep at various temperatures, and
which changed during the course of the experiment. At low temperatures (reflected as the first domain
of the creep curves), the initial deformation was extremely low and almost undetectable. For the other
curve domains, the material was already in the steady stage of creep. The softening of the material was
clearly observed as an increased slope of the curves with temperature. Finally, the hardening effect can
be observed at high temperature and upon high strain (reflected in the continuous change/decrease of
the slopes and indicated by the dashed line in Figure 1). Strain rates were determined from the slopes
of the quasi-linear steady-state portions [4,8,11] of each domain and are presented as a function of
temperature in Figure 2.
 
Figure 2. Creep rates of spinel as a function of pressure, tested at various temperatures.
The creep rates obtained at the tested temperatures and stress range fit the deformation-
mechanism map for magnesium aluminate spinel [14] and correspond to the region of power law
creep [15]. Therefore, the data were analyzed according to the general creep equation:
.







ε is the creep rate, A is the creep constant, σ is the applied load, n is the stress exponent, Q is
the activation energy, R is the gas constant and T is the temperature. The creep parameters (i.e., Q
and n) can vary with experimental conditions (i.e., applied stress and temperature), along with other
factors, such as composition and microstructure of the tested materials [16]. The experimental data for
different temperatures and stresses allow for estimations of stress exponent and apparent activation








The values of the stress exponent (Table 1) were determined from the slopes of the curves
presented in Figure 3.
Table 1. Values of the stress exponent at various temperatures.
Temperature (˝C) Stress Exponent (n)
1100 3.48 ˘ 0.1
1150 2.64 ˘ 0.26
1200 1.87 ˘ 0.15
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Figure 3. ln(strain rate) vs. ln(stress) for spinel tested under 120, 150 and 200 MPa.
The stress exponent values obtained are in good agreement with those previously reported [4–11].
Temperature-dependence of the stress exponent was also observed [9] and was attributed to changes
in the creep mechanism. For low stress exponent values (n « 1), creep is governed by the diffusional
flow of ions [17]. For higher stress exponent values (n « 2), creep of the fine polycrystalline ceramics is
mostly controlled by grain boundary sliding (GBS) [18], as was clearly demonstrated for polycrystalline
alumina [19,20]. GBS, however, has to be accommodated by an additional process [21,22], such as
intergranular slip and the subsequent climb of dislocations [23]. According to the apparent values
of the stress exponent, GBS was the dominant mechanism in the 1150–1200 ˝C temperature range.
The higher stress exponent (n « 3.5) obtained at the lowest temperature considered (1100 ˝C), could
be attributed to formation of triple-point folds [24,25]. Another possibility is the reduced contribution
of GBS [26], with a larger percentage of deformation being carried out by dislocation slip and climb
(4 ą n ą 3) [15].
3.3. Activation Energy
The temperature-dependence of the creep rate under various stresses allowed for estimation of
the apparent activation energy of the process (Figure 4).
 
Figure 4. Strain rate vs. the reciprocal of temperature.
103
Materials 2016, 9, 493
Calculated apparent activation energy values are presented in Table 2.
Table 2. Apparent activation energies for polycrystalline magnesium aluminate spinel.
Applied Stress (Mpa) Activation Energy (Q) (kJ/mol)
120 526 ˘ 35
150 465 ˘ 50
200 387 ˘ 36
The apparent activation energy values for creep in spinel under our experimental conditions,
as well as their dependence on the stress applied (Figure 5), are in good agreement with previously
reported data [4,5,7]. The decrease in activation energy with applied stress may be attributed to
competition between the GBS and dislocation creep mechanisms of deformation. Under higher applied
stress, more dislocations are generated within the material, a process which requires relatively lower
thermal activation, making the effect of temperature less pronounced. At lower applied stress, the
amount of dislocations decreases, while the role of ion diffusion increases. As such, the effect of
temperature becomes more significant.
 
Figure 5. Apparent activation energy as a function of stress.
The average creep constant A (=8.43 ˆ 10´11 ˘ 1.38 ˆ 10´11 sec´1¨ MPa´n), which depends on
the material and only slightly on pressure and temperature was estimated based on the stress exponent
and activation energy values obtained. The experimental results were extrapolated for a wider range of
strain rates (i.e., for lower stresses and higher temperatures), to fit with experimental data reported in
the literature [4–6]. The extrapolated data, along with our experimental results and the data reported
in literature, are presented in Figure 6.
 
Figure 6. Strain rate vs. applied stress. Extrapolation of our experimental data (dashed lines) and
values reported in the literature for various creep conditions and grain sizes (indicated in the legend)
are shown.
104
Materials 2016, 9, 493
The extrapolated values of the strain rate are in a good agreement with previously reported
data. Some scattering of the experimental results may be attributed to differences in creep conditions,
particularly the grain sizes of the tested samples.
It should be noted that creep was tested in the SPS apparatus under a small electric field
(~70 V¨ cm´1). The good agreement noted between our results and those reported obtained using
a conventional testing procedure indicates that the electric field contributes only a negligible or no
effect on the creep of the fine grain polycrystalline spinel.
HRSEM images of polished and thermally etched samples before and after creep deformation are
presented in Figure 7.
 
Figure 7. High resolution scanning electron microscope (HRSEM) images of the spinel samples: before
creep (a); after creep at 1100–1200 ˝C (4% strain) under 120 (b); (7% strain) 150 (c) and (13% strain)
200 MPa (d). Compression direction is marked.
The initial microstructure (Figure 7a) consisted of fine equiaxed grains with an average size of
about 250 nm. After the creep test, the average grain size was larger (400 nm) and grain shape remained
equiaxed with no directional growth (Figure 7b–d). According to [27], this implies that GBS was the
main mechanism by which the samples were deformed during creep under our testing conditions.
We assume that in this range of grain size its effect on creep rate was not significant.
The appearance of faceting morphology of spinel grains is attributed to the preferential thermal
etching of {111} planes, which have higher surface energy than either the {100} or {110} planes.
The faceting morphology was detected in both before and after creep samples and does not depend on
the grain deformation [28].
To clarify the creep mechanism, HRTEM analysis of deformed samples after creep under pressures
of 120 and 200 MPa, was performed (Figure 8).
Several types of distinctive features of creep were found in all examined samples. The formation
of triple point voids and displaced triple points (Figure 8a,b) provided strong evidence for GBS [29].
Moreover, grain separation, appeared as grain boundary cavities, was also observed, which is
typical for creep with no glassy phase at the grain boundaries [25]. These observations confirmed
that substantial GBS had taken place during creep under our testing conditions. Dislocations and
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dislocation pile-ups were also observed, especially in that sample subjected to 200 MPa pressure
(Figure 8c). By using the weak-beam dark field (WBDF) method that allows pronounced contrast
for dislocations [30], high dislocation densities were found within the grains at g = 440 (Figure 8d),
which is known to be the preferred dislocation slip plane in spinel [11,30,31]. This may indicate that
a dislocation mechanism was involved at the relatively higher stress level.
 
Figure 8. High resolution transmission electron microscope (HRTEM) images of spinel samples after
deformation at 1100–1200 ˝C. Under 120 MPa (4% strain) triple-point voids and displaced triple points
are shown (a); under 200 MPa (13% strain) grain separation and sliding along the grain boundaries
(b) and dislocations (c) are shown. A weak-beam dark field (WBDF) image for g = 440 shows the high
dislocation density within the grain after creep in response to 200 MPa pressure (d); The selected area
diffraction pattern is presented in the insert (e). The examined cross-sections were perpendicular to the
compression axis.
4. Conclusions
Compression creep testing of polycrystalline magnesium aluminate spinel was successfully
performed for the first time using an SPS apparatus. The stress exponent value decreased from
3.5 to 2 with temperature in the 1100–1200 ˝C range. Likewise, the apparent activation energy value
decreased from 526 to 387 kJ/mol with applied stress in the 120–200 MPa range. Our results and
the data predicted by extrapolation are in a good agreement with values reported in the literature.
The microstructure of the deformed samples, consisting of an equiaxed grain structure, indicated that
GBS operated during creep. HRTEM examination confirmed that the deformation occurred by GBS
accommodated by dislocation movement.
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Abstract: Composite ceramics BaTiO3/3Y-TZP containing 0 mol %, 3 mol %, 5 mol %, 7 mol %,
and 10 mol % BaTiO3 have been prepared by conventional sintering and spark-plasma sintering (SPS),
respectively. Analysis of the XRD patterns and Raman spectra reveal that the phase composition
of t-ZrO2, m-ZrO2, and BaTiO3 has been obtained. Our results indicate that SPS can be effective for
the decrease in grain size and porosity compared with conventional sintering, which results in a
lower concentration of m-ZrO2 and residual stress. Therefore, the fracture toughness is enhanced by
the BaTiO3 phase through the SPS technique, while the behavior was impaired by the piezoelectric
second phase through conventional sintering.
Keywords: spark-plasma sintering (SPS); BaTiO3/3Y-TZP; fracture toughness
1. Introduction
As a field-assisted sintering technique, spark-plasma sintering (SPS) has attracted much attention
since its advent in the late 1970s [1–3]. The starting powders in graphite die are sintered directly
instead of being pre-pressed prior to sintering using the conventional processing technique. After
graphite die is placed in the furnace, two pistons acting as electrodes load pressure on the upper and
bottom surfaces. Due to the good electrical and thermal conductivity of the graphite die, adequate
Joule heat is efficiently and quickly transferred to the starting powder under a relatively low voltages.
Moreover, the heating rate can be as high as 1000 ˝C/min, resulting from the adjustable current pulses
(milliseconds) [1–3].
Both the compressive press and high heating rate work to obtain dense bulks with nano-size
grains under a lower sintering temperature, leading to the extensive application of SPS in the dielectric,
piezoelectric, and thermoelectric fields, among others [4–8]. Li et al. [9] prepared lead-free piezoelectric
ceramics Na0.5K0.5NbO3 with 99% relative density at 920 ˝C by using the SPS technique. It was
fairly difficult to obtain when the ceramic sintered in a conventional furnace. Deng et al. [10]
synthesized nanostructured bulk BaTiO3 with a grain size of 20 nm and a relative density of 97%
via SPS, while the grain size of BaTiO3 was in micrometer range when sintered in a conventional
furnace. Furthermore, a series of transparent ceramics [11], such as alumina [12], zirconia [13],
and yttrium-aluminum-garnet [14], have been processed with aid of the SPS technique.
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Fracture toughness is a highly essential behavior for dental materials [15]. It is believed that the
piezoelectric addition could enhance the toughness of ceramics based on the piezoelectric secondary
phase toughening mechanism [16–18]. Under load, the piezoelectric effect would lead to domain
wall motion and dissipate energy in the tips of cracks. Yang et al. [19] studied the effect of the
piezoelectric second phase, Nd2Ti2O7, on the fracture toughness of Al2O3, and the toughness increased
to 6.7 MPa¨ m1/2. Chen et al. [20] prepared a Sr2Nb2O7/3Y-TZP composite and found that the fracture
toughness was significant higher than that of 3Y-TZP, as high as 13 MPa¨ m1/2. However, Yang et al. [21]
found that the addition of BaTiO3 suppressed the effect of the transformation toughening of 3Y-TZP,
and the fracture toughness decreased instead of increased. Moreover, it has been proven that the
electrical charges have a positive effect on the growth and differentiation of osteoblast cells, resulting
from preferential adsorption of ions and proteins onto the polarized surfaces [22,23]. As piezoelectric
materials could vary surface charges under load, the piezoelectric addition might induce improved
bone formation around restorations.
The aim of this study was to investigate effects of the SPS technique on the microstructure,
and mechanical properties of BaTiO3/3Y-TZP composites as a function of BaTiO3 content. The null
hypotheses of this study were that SPS would help synthesize dense BaTiO3/3Y-TZP bulks with
nano-size grains and would improve the mechanical behaviors.
2. Results and Discussion
2.1. Phase Structure Analysis
The X-ray diffraction (XRD) patterns of BaTiO3/3Y-TZP specimens prepared by different sintering
techniques are shown in Figure 1. In this study, CS stands for a conventionally sintered specimen
that is sintered in a conventional air furnace. All of the XRD patterns present a crystalline phase
of tetragonal ZrO2, and the characteristic peaks can be indexed to PDF card #50-1089. With respect
to specimens sintered via the SPS technique, diffraction peaks due to BaTiO3 were detected as the
contents of BaTiO3 increased to 7 mol % and 10 mol %. No m-ZrO2 (monoclinic ZrO2) phase was
observed. However, as far as conventionally sintered specimens are concerned, peaks can be attributed
to BaTiO3, and m-ZrO2 was detected with increasing content of BaTiO3. Peaks at 39˝ can be indexed to
the m-ZrO2 phase and BaTiO3 phase. According to the relative intensity of peaks of each phase, it is
reasonable to find that the intensity of a peak at 39˝ mainly originates from the m-ZrO2 phase. Content
of the m-ZrO2 phase was significantly lower in the spark-plasma-sintered samples; therefore, peaks at
39˝ seem to be absent in the spark-plasma-sintered samples. Moreover, the dominant ZrO2 structure
seems to be a monoclinic phase rather than a tetragonal phase when the contents of BaTiO3 increase to
7 mol % and 10 mol %, demonstrating a quite different phase structure.
Figure 1. X-ray diffraction (XRD) patterns of spark-plasma-sintered and conventionally sintered
BaTiO3/3Y-TZP ceramics.
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Furthermore, the T-M phase transformation within zirconia is investigated by one of the
most effective techniques: Raman spectroscopy [24]. Figure 2a shows the Raman spectrum of a
representative specimen. Characteristic peaks at wavenumbers 147 cm´1, 265 cm´1, 464 cm´1,
and 642 cm´1 represent t-ZrO2, and peaks at wavenumbers 181 cm´1 and 190 cm´1 reveal the
presence of m-ZrO2 [25]. Figure 2b shows a volume fraction of m-ZrO2 calculated according to Tabares
and Anglada [26]. The content of m-ZrO2 increases with BaTiO3 concentration, which is consistent with
the XRD patterns. Compared with conventionally sintered ceramics, spark-plasma-sintered specimens
have much lower concentrations of m-ZrO2, ranging between 4% and 29.4%, whereas the m-ZrO2
content of conventionally sintered composites varies from 8% to 71.2%. The great discrepancy of the
phase structure between specimens may originate from different residual stress states caused by the
addition of BaTiO3. Less m-ZrO2 content is better for zirconia ceramics based on the well-known phase
transformation toughening mechanism [27]; therefore, the low concentration of m-ZrO2 might have a
positive effect on the fracture toughness of spark-plasma-sintered composites.
Figure 2. (a) Raman spectrum of BaTiO3/3Y-TZP (with 7 mol % BaTiO3) prepared via the SPS
method; (b) Volume fraction of m-ZrO2 content of spark-plasma-sintered and conventionally sintered
BaTiO3/3Y-TZP ceramics.
2.2. Microstructure Analysis
Figure 3 shows scanning election microscopy (SEM) images of spark-plasma-sintered and
conventionally sintered BaTiO3/3Y-TZP ceramics as a function of BaTiO3 content. The As for
conventionally sintered composites, two different kinds of grains, ZrO2 and BaTiO3 are clearly
observed. With increasing amounts of BaTiO3, the grain size of ZrO2 is about 200 nm, remaining
substantially unchanged, while grain size of BaTiO3 increases from 1 to 3.5 μm with the BaTiO3 content.
Since grain size of BaTiO3 is 5 to 17.5 times larger than that of ZrO2, the mismatch of grain size leads
to pores in ceramics and might introduce stress between grains, resulting in the stress-induced T-M
phase transformation. Hence, the content of m-ZrO2 increases, as shown in Figure 2. Compared with
conventionally sintered composites, spark-plasma-sintered ceramics exhibit significantly smaller grain
sizes, especially for BaTiO3 grains, which can be attributed to the compressive press and the high
heating rate. Moreover, with close ion radii and the same valence, it is likely for Ti4+ to partially
substitute Zr4+, forming a solid solution, (Zr,Ti)O2 [21]. Thus, spark-plasma-sintered ceramics show
traces of liquid-phase sintering with increasing content of BaTiO3, resulting in more dense composite
bulks [28]. The larger grain size for higher BaTiO3 content in conventionally sintered specimens may
also support this conclusion.
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Figure 3. Scanning election microscopy (SEM) images of fracture surfaces of spark-plasma-sintered
and conventionally sintered BaTiO3/3Y-TZP ceramics. (a–d) Specimens are prepared by conventional
sintering method; (e–h) Specimens are prepared via the SPS method. (a,e) 3 mol % BaTiO3; (b,f) 5 mol %
BaTiO3; (c,g) 7 mol % BaTiO3; (d,h) 10 mol % BaTiO3. The red arrow denotes the BaTiO3 phase and the
yellow arrow denotes the 3Y-TZP phase.
According to the relative density, bulk porosities of composites (Table 1) are calculated by using
the following equation: P = (1 ´ ρ) ˆ 100%, where P is the bulk porosity, and ρ is the relative density.
With increasing amounts of BaTiO3, porosity trends between conventionally sintered specimens,
and spark-plasma-sintered composites vary greatly. Porosity increases with BaTiO3 content, due to the
mismatch of grain size in conventionally sintered ceramics. By contrast, both of the slight mismatches
in grain size and the liquid-phase sintering produce effects on the spark-plasma-sintered composites;
therefore, porosity values float slightly. However, it is reasonable to find that spark-plasma-sintered
composites are denser than the conventionally sintered ones, which are in consistency with the
observed SEM images.
Table 1. The porosity of spark-plasma-sintered and conventionally sintered BaTiO3/3Y-TZP ceramics.
BaTiO3 Content 0 mol % 3 mol % 5 mol % 7 mol % 10 mol %
Porosity (%) (CS) 2.7 5.9 9.6 12.5 14.8
Porosity (%) (SPS) 0.5 4.8 3.3 1.5 3.2
2.3. Mechanical Properties
The residual stress state of the composites could be effective for not only the phase transformation
but also the fracture toughness. As an attempt to depict the residual stress state, Raman maps of each
specimen (5 ˆ 5 μm2) were recorded, and the data were analyzed by MATLAB software. Specimens
without BaTiO3 serve as the control group, and the mean wavenumber is 145.5 cm´1. A shift of
the peak toward higher wavelength number indicates the presence of residual compressive stress,
which helps crack closure. By contrast, a peak shift toward lower wavelength number reveals the
presence of residual tensile stress. Moreover, a larger peak shift means a higher residual stress. As seen
in Figure 4, a mixture of tensile and compressive stress is recorded in spark-plasma-sintered composites,
but significantly more tensile stress is found in the conventionally sintered specimens. Moreover,
the peak shift is larger for conventionally sintered specimens with more BaTiO3 content.
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Figure 4. Quantitative Raman maps of spark-plasma-sintered and conventionally sintered BaTiO3/3Y-TZP
ceramics. (a–d) Specimens are prepared by conventional sintering method; (e–h) Specimens are
prepared via the SPS method. (a,e) 3 mol % BaTiO3; (b,f) 5 mol % BaTiO3; (c,g) 7 mol % BaTiO3;
(d,h) 10 mol % BaTiO3.
Figure 5 shows the fracture toughness, Vickers hardness, and elastic modulus values as a function
of BaTiO3 content. Even though the addition of BaTiO3 would enhance the fracture toughness through
the piezoelectric effect, both the accompanied high porosity and the m-ZrO2 content have negative
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effects on the behavior of specimens prepared by conventional sintering. Therefore, the fracture
toughness greatly trends downward after increasing slightly. Owing to the compressive press and the
high heating rate of the SPS technique, the grain size of BaTiO3 is quite smaller, and ceramics show
traces of liquid-phase sintering, resulting in more dense composites and a low concentration of m-ZrO2.
Thus, the expected coupling effects of the piezoelectric secondary phase toughening mechanism and
phase transformation toughening mechanism lead to a high toughness of the specimens prepared via
the SPS method. As for composites with 3 mol % BaTiO3, the fracture toughness of the conventionally
sintered specimen is significantly higher than that of the spark-plasma-sintered specimen, which may
be attributed to the difference in the effect of the piezoelectric secondary phase toughening mechanism,
resulting from different contents of the BaTiO3 phase. XRD patterns of both specimens show no BaTiO3
phase, but SEM images reveal the existence of BaTiO3 grains in the conventionally sintered specimen
(Figure 3a). The addition of 3 mol % BaTiO3 in the spark-plasma-sintered specimen may serve as a
doping agent rather than a polycrystalline phase, which destroys the fracture toughness.
Figure 5. The mechanical properties of specimens with different BaTiO3 contents. (a) Fracture
toughness; (b) elastic modulus; (c) hardness.
Both the elastic modulus and hardness show a similar trend with increasing amounts of BaTiO3.
The as-prepared BaTiO3 has a lower elastic modulus (~72.8 GPa) and hardness (~1.4 GPa) than does
3Y-TZP, but there is no expected decline in the composites. After decreasing at first, these two behaviors
increase with BaTiO3 content, which may be attributed to the formation of the solid solution, (Zr,Ti)O2.
As spark-plasma-sintered ceramics suffer a high compressive press during sintering, they show
more traces of liquid-phase sintering, suggesting more amounts of solid solution [29]. Therefore,
these specimens reveal a higher elastic modulus and hardness, compared with the conventionally
sintered specimens.
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3. Materials and Methods
3.1. Materials
3Y-TZP (TZ-3YSB-E, Tosoh Co., Tokyo, Japan) with an average particle size of 90 nm and BaTiO3
(Sinopharm Chemical Reagent Co., Shanghai, China) with an average particle size of 100 nm were
used to prepare the BaTiO3/3Y-TZP composite.
3.2. Preparation of Porous Zirconia Ceramic
The starting materials, 3Y-TZP and BaTiO3, at 0 mol %, 3 mol %, 5 mol %, 7 mol %, and 10 mol %
were mixed together by alcohol-based ball milling for 12 h, respectively. The mixture powders were
dried in oven for sintering. Some of the mixtures were pressed at a pressure of 4 MPa, followed by
a cold isostatic pressing at 200 MPa, and the samples were then heated up to 1400 ˝C at a rate of
100 ˝C/h and kept for 2 h in a conventional air furnace. Some of the mixtures were sintered directly
via SPS. The heating rate was 110 ˝C/s, and the sintering temperature was 1175 ˝C.
3.3. Characterization
X-ray diffraction spectroscopy (Rigaku, D/MAX-2550V, Tokyo, Japan) was employed to analyze
the phase composition. Morphologies of fracture surfaces were examined via SEM (Hitachi, S-2500N,
Tokyo, Japan). The relative density was measured by the Archimedes method. The volume fraction of
monoclinic ZrO2 was measured by a Raman spectrometer ((Hiroba, LabRAM HR Evolution, Tokyo,







˘ ` I181m ` I190m (1)
where It and Im are the integrated intensities of the tetragonal and monoclinic peaks, respectively.
A nano-indentation tester (MTS, Palo Alto, CA, USA) was applied to analysis of the Vickers hardness
and elastic modulus. The hardness was calculated by the equation:
HV “ 1.8544P{d2 (2)
where HV is the Vickers hardness; P is the load; and d is the diagonal of the indentation. The elastic
modulus was further inferred by using the equation:
E “ 0.45HV{ pa{b ´ a{b1q (3)
where E is the elastic modulus; b is the length of the shorter diagonal; b1 is the length of the longer
diagonal; and a is the length of the crack. A universal test instrument (Shimadzu, EZ-100, Tokyo,
Japan) was employed to measure the fracture toughness of specimens by the single-edge-notched
beam method with a loading rate of 0.05 mm/min. Bending bars (n = 12) per specimen were cut into
2 ˆ 4 ˆ 16 mm3 with a diamond blade, and the notch depth was approximately 2 mm. The fracture
toughness was calculated using formula:




where P0 is the load; l is the span; B is the height of bar; W is the width of the bar; and a is the depth
of the notch.
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4. Conclusions
A series of BaTiO3/3Y-TZP ceramics have been prepared by conventional sintering and SPS,
respectively. The phase structure, microstructure, and mechanical properties of the composites were
investigated as a function of BaTiO3 content. Our results show that the SPS technique has a remarkably
positive effect on the behaviors of BaTiO3/3Y-TZP composites. Spark-plasma-sintered specimens
are superior in fracture toughness due to the coupling effects of the piezoelectric secondary phase
toughening mechanism and the phase transformation toughening mechanism. These results reveal that
the piezoelectric secondary phase, BaTiO3, could enhance the fracture toughness of zirconia through
the SPS technique.
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Abstract: Recently, local melting of the particle surfaces confirmed the formation of spark and plasma
during spark plasma sintering, which explains the rapid densification mechanism via liquid. A
model for rapid densification of flash sintered ceramics by liquid film capillary was presented, where
liquid film forms by local melting at the particle contacts, due to Joule heating followed by thermal
runaway. Local densification is by particle rearrangement led by spreading of the liquid, due to
local attractive capillary forces. Electrowetting may assist this process. The asymmetric nature of the
powder compact represents an invasive percolating system.
Keywords: flash sintering; spark plasma sintering; densification; melting; electric field; electric
conductivity; ceramics; invasion percolation
1. Introduction
Spark plasma sintering (SPS) and Flash sintering (FS) are nowadays considered important
processes for rapid densification of ceramic particles to fully dense solids. The two techniques differ
by the set-up, the ranges of the applied voltage and the electric current density; however, the physical
and chemical processes, and the electric field effects with the ionic/semiconducting ceramics are very
similar. In this respect, different densification mechanisms suggested for the enhanced densification
kinetics, where the processes at the particle surfaces and interfaces play the dominating role [1–12].
Recently, local melting of ceramic particle surfaces further supported the formation of spark and plasma
during SPS [13–17]. Therefore, spark and plasma related to discharge of surface charges, accumulated
on the non-conducting particle surfaces [18]. Consequently, no spark and plasma were expected
in conducting ceramic particles subjected to SPS; the enhanced densification in the later systems is
associated with excessive Joule heating at the particle contact points. This latter behavior, where a
contiguous particle network provides a percolative path for electric conduction, is tangent to the FS
process. Thus, Joule heating followed by thermal runaway are the main current explanations for flash
sintering. Yet, densification in FS specimens lacks the corresponding rapid densification mechanism.
Although extensive efforts have been invested towards characterization of the FS parameters
and the voltage/current behavior, less attention has been paid to understanding of the involved
densification mechanisms, with respect to the observed microstructure. In this regard, three major
problems exist: first, most of the analyses relate the actual local process temperature to the temperature
of the specimen, either technically measured (thermocouple, pyrometer), or calculated from the
average value of the current (i.e., black body calculation from electrical energy dissipation), or indirect
measurements (i.e., thermal expansion calibrations [19]). Consequently, the actual process temperature
at the particle contacts is uncertain, and its estimation may vary by hundreds of degrees from work to
work [8,19–21]. Second is the assumption that sintering takes place at once throughout the specimen.
This assumption originates from the lack of interrupted FS experiments, or incorrect interpretation of
the resulting microstructures. The third is the assumption about solid state sintering during the FS
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process. Simple calculation of the diffusion distances necessary for mass transport, using the ionic
diffusion coefficients fail to explain the densification within the typical time intervals of flash sintering
by solid state sintering.
The yield stress and electrical conductivity, and their temperature dependence, are the main
properties that determine the conditions of the field effects, i.e., at what conditions spark and plasma
will form in a given non-conducting granular compact. These properties are used to construct
plastic-deformation plasma-formation temperature window diagrams [13,14,18,22], from which one
can deduce the SPS pressure-temperature schedule appropriate for enhanced densification. This
introduces a new region of enhanced densification by plasma, with a transient nature, into the
conventional densification mechanism maps. The relative location of this new region is determined by
the plasma-formation temperature window; its position is expected to shift due to the particle size
dependence of the yield strength and the surface conductivity, as well as the value of the applied
pressure. Therefore, this transient state of rapid densification in SPS was previously termed “surface
softening”, due to the uncertainty concerning the nature of the liquid at the particle surfaces [23].
Following several reported microstructures of ceramics densified via FS, one can observe crystal
growth from remnant of liquid phase [24], crystal growth from vapor [25], and curved boundaries,
which are characteristic of a liquid presence during sintering [26]. Furthermore, the local nature of
melting/reaction was confirmed by the islands in the partially reacted microstructure [9]. Several
works also reported the formation of local liquid as well as heterogeneous microstructure during flash
sintering [9,25]. Therefore, in this paper I will evaluate the formation of liquid at the particle contacts
during FS and its consequences upon densification kinetics and microstructure via capillary forces.
2. Analysis and Discussion
2.1. Spark Plasma Sintering
The formation of spark and plasma depends on many material and process parameters, and takes
place as a transient phenomenon during the densification. The charged particle surfaces at the compact
cavities act as sources for spark and plasma [18], when they attain certain conditions for percolation of
the electric current. The ignited plasma enhances densification under minimal applied pressure, via
particles sliding aided by a “softened layer” (here will be treated as a liquid film) at their surfaces. The
sudden increase in density and particle connectivity suppresses further expansion of the plasma; hence,
it represents a local process with transient non-equilibrium character. Therefore, plasma region in the
deformation mechanism map is a sort of “ladder” for climbing to higher densities within extremely
short durations.
When spark and plasma increase the surface temperature so that a liquid film forms at the particle
surfaces, the particles can sinter together in the absence of external pressure, or slide over each other
by viscous flow, in the presence of an external pressure [13]. The resistance to mutual sliding of the
two solid particles covered with a liquid film depends on the relative thickness of the liquid film
compared to the particles radius [27]. Jagota and Dawson [27] treated this problem and showed
that under certain conditions (i.e., liquid film thickness to particle radius ratio higher than 0.2) the
system behaves if no solid particles exist, i.e., densification may take place by simple viscous sintering.
However, such liquid layer thicknesses are unseen, neither in SPS, nor in FS, and I restrict the discussion
to melting of a few atomic layers (i.e., film) at the contact points between particles.
2.2. Flash Sintering
The specimen set-up in FS technique assumes compacted green powder through which the
electric current passes via external electrodes, while the specimen is heated within the furnace. The
green strength assures particle contiguity and available path for percolation of the electric current
at the flash temperature. The main event of flash is a non-linear increase of the current at the
onset flash temperature. Du et al. [10] attempt to explain this non-linearity as an artifact due to
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the estimation method of the specimen temperature. However, their measurements also refer to
the average temperature instead of a local temperature in the specimen. Such non-linearity in the
local current at the particle contacts may exist and explain the rapid sintering and densification, as
shown below.
2.2.1. Local Capillary Forces
Recent FS works support the thermal runaway model as a dominating process at the flash set
point [8,10,28]. Several significant processes may take place if the actual local temperature at the
contact point surpasses the melting point of the solid particle at contact due to the Joule heating.
First, the similar composition of the melt and the solid particle from which it melted leads to very
low solid-liquid interfacial energy, hence full wetting of the solid particles by the melt at the contact
point. The capillary forces associated with such a liquid layer depend on the solid particle size. For
100 nm Al2O3 nano-particles (in diameter) with liquid-vapor surface tension of 665 mJ¨m´2 in air [29],
attractive capillary force of ~27 MPa is estimated. This capillary force is of the same order of the
pressures applied during the SPS and hot pressing, and is high enough to attract the adjacent particles
and lead to their local rearrangement and compaction.
Another aspect of wetting which is worth noting is the occasions when local melting and wetting
cause the formation of a gap (previously a contact) between the particles. In such a case, the presence
of high local electric fields over the micrometric or nanometric gaps can lead to electrowetting [30] of
the ionic melt, and affect both the liquid dihedral angle as well as the spreading degree of the liquid on
the particle surfaces.
2.2.2. Local Electric Conductivity
Let us assume that the green compact of ceramic powder is heated and subjected to increasing
current density at constant voltage. Such a system is composed of different resistances (particles
and contact points) and capacitances (particle gaps). Once an appropriate electrical conductivity is
gained, the higher electric resistivity at the particle contacts preferably consumes the current for the
Joule heating. The local heating at the contact point increases the local temperature, and consequently
the local electric conductivity (ionic and electronic), due to the negative temperature coefficient of
resistivity. This process has an autocatalytic effect, which may eventually lead to local melting at
the contact points. Formation of melt at the contact point also has significant implications on the
FS process, which have been underestimated until now, if not neglected. The ionic conductivity in
many oxides (i.e., BeO, Al2O3, Sc2O3, ZrO2, Y2O3) experiences an abrupt jump at melting, where the
conductivity in the melt may increase by two to four orders of magnitude compared to the crystalline
state [31,32]. The conductivity in pure oxide melts is controlled by cations, when ionic bonds dominate
(i.e., MgO, CaO, Li2O, Al2O3), and by electrons, when significant covalent bonding exists, and leads to
semiconducting behavior (i.e., Bi2O3, CuO, MnO, TiO2, V2O3). The electric conductivity (σ) in such
melts depends on the bond strength, as well as on the size of the structural units moving within the
melt, hence the melt viscosity (η). The product of the electric conductivity by the viscosity for a given
ion is constant and expressed by Walden’s rule [33]:




where ni,melt is the number of the i-th ion per unit volume when the transport number is unity, Z is
the ion charge, d is the ion diameter, and e is the unit charge of the electron. This model assumes that
the conducting species are spherical ions that are in steady state flow. Nevertheless, viscosity models
assume flow of structural units and associate species within the ceramic melts, rather than single ions.
Using the viscosity of pure ceramic melts and their volume, one can estimate fairly well the electric
conductivity at the corresponding temperature.
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Here I will limit the discussion to the case of pure Al2O3, for which there is extensive reliable
physical and chemical data in the literature and has been densified by flash sintering [34]. The
structural units in alumina melt are AlO1.5, which represent a typical oxygen octahedron around the
Al+3 cation [35]. Assuming partial ionic conductivity, i.e., transference number 0.5, via diffusion of
aluminum octahedron in the melt, the equivalent ionic diameter using the octahedron volume (as
a sphere) is 2.397 nm. These assumptions lead to the more conservative calculation of the electrical
conductivity (i.e., lower values). In addition, the number of the ions per unit volume in the melt
decreases compared to that of the crystalline solid, due to the decrease in the melt density. Therefore,
the number of ions per unit volume in Equation (1) normalized by:
nmelt “ nsolid ρmeltρsoild (2)
where ρi and ni are the density, and the number of the aluminum ions per unit volume, respectively, in
either the melt or the crystalline solid.
Combining Equations (1) and (2), and using the following data for alumina: nsolid = 6,
ρsolid = 3.98 g¨ cm´3, d = 2.397 nm, e = 1.602 ˆ 10´19 coul, the electric conductivity of alumina
was calculated from its melt viscosity [35] and its melt volume change [36] versus temperature.
These data, with some experimental conductivity values measured in air [37,38], are presented in
Figure 1. The calculated electric conductivity values (blue dashed line) are higher only by one order of
magnitude from the experimentally measured values of super pure Al2O3. Overall, melting of alumina
was followed by increase of electric conductivity at the melt by at least two orders of magnitude.
Therefore, local melting at the contact points may increase the local current density by two orders
of magnitude. The probability for local melting depends on the relative local conductance of the
contact points available within the green compact. The smaller the contact diameter, the higher the
current density through it, hence the higher the probability for melting. This should also lead to
lower onset temperature for the flash, consistent with the reported data on the particle size effects [39].
Consequently, local melting should first take place at the loci of smaller contacts (i.e., smaller particles),
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Figure 1. Electric conductivity of Sapphire crystal (black solid line) and alumina melt (blue dashed
line) calculated from Walden’s rule. The measured experimental values for pure (blue open circles) and
super-pure alumina (red open diamonds) melts presented for comparison. Melting leads to increase in
the electric conductivity by two to four orders of magnitude.
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Since the liquid between the two contacting particles assumed to wet both particles, further
melting should take place at the contacts of larger particles. Thus, the local melting progress is
hierarchical, which assures the preservation of the local melt, as long as other percolative paths for
the current flow exist. As was mentioned above, formation of a local melt leads to capillary forces
high enough for local rearrangement of the surrounding particles. The local electrical resistance after
melting, wetting, and rapid local densification is free of contact resistance, and falls to low values of
the melt resistivity. Therefore, further dissipation of the electrical energy by the Joule heating will take
place at other solid contacts having higher electrical resistances. This change in the local conductivity
provides the conditions needed for promotion of this liquid assisted rearrangement and densification
mechanism by capillary forces at different loci throughout the compact. The asymmetric nature of the
powder compact subjected to electric current and connected to two different electrodes (i.e., Cathode
and Anode) represents an invasive percolative system [40]. In addition, the ceramic particles are most
often characterized by a fractal character, which may change their electrical response. I will treat these
aspects in a future paper since the present densification model of liquid film capillary is still valid.
2.2.3. Local Volume Change
Local melting also leads to significant increase in the specific volume, expressed by a decrease
in the melt density, compared to that of the crystalline solid. The lattice parameters of Sapphire are
c = 1.29915 nm, a = 0.47592 nm, using the hexagonal notation of the rhombohedral lattice. The thermal
expansion coefficients of Sapphire above 1500 ˝C are almost constant, with values of αc = 9 ˆ 10´6 ˝C´1
and αa = 8 ˆ 10´6 ˝C´1 [41]. Using the lattice parameters of Sapphire and its thermal expansion
coefficients, the changes in density (black solid line) and the specific volume (dashed blue line) were
calculated and shown in Figure 2. The corresponding data for the melt density and its specific volume
are also plotted in Figure 2, using data from the literature [36]. The specific volume in Al2O3 increases
by ~20% at the melting temperature; further linear increase observed with temperature, albeit with
much higher gradient than in the solid (dashed blue lines in Figure 2). Once melting takes place at
the contact point, the local volume increase provides a liquid meniscus necessary for wetting of the






































Figure 2. Densities of crystalline alumina and its melt (solid black line) versus temperature exhibits
discontinuous decrease at the melting temperature. The corresponding increase in the specific volume
expansion with temperature presented by the dashed blue line. Data for the melt density used from
reference [36].
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The discontinuous increase in both electrical conductivity and specific volume with melting are
inherent physical properties of ceramic crystals. Therefore, all ceramic powder compacts subjected
to an electric field are prone to flash sintering, once critical flash conditions attained. The flash onset
condition is mainly controlled by the amount of the applied electric power density [28], and leads
to local melting at the particle contacts. The non-linear electric conductivity is associated with this
local melting. In this respect, simulations of flash sintering confirmed the thermal runaway to be
a consequence of the temperature dependent resistivity [42]. Narayan proposed a model for grain
boundary melting, albeit for description of grain growth during flash sintering [43]. Finally, striking
similarities exist between the flash sintering kinetics of sub-micrometer pure alumina [44] and that of
the same powder with 2 mol% liquid forming additives, subjected to conventional sintering [45]; this
indicates the important role of the liquid phase during flash sintering.
3. Conclusions
A model of liquid-film capillary was introduced as a mechanism for the rapid densification during
flash sintering. The thermal runaway due to the preferred Joule heating at the particle contacts leads
to local melting at these loci, followed by particle wetting. The attractive capillary forces associated
with this liquid film lead to particle rearrangement hence to densification. The rapid densification
aided by the local increase both in the specific volume and in the electric conductivity due to the melt
at the contacts. The contacts melt in a random hierarchical manner and the process has an asymmetric
nature. The overall process is a critical phenomenon and modeled by an invasion percolation.
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Abstract: The results of a study of ultra-rapid (flash) sintering of oxide ceramic materials under
microwave heating with high absorbed power per unit volume of material (10–500 W/cm3) are
presented. Ceramic samples of various compositions—Al2O3; Y2O3; MgAl2O4; and Yb(LaO)2O3—were
sintered using a 24 GHz gyrotron system to a density above 0.98–0.99 of the theoretical value
in 0.5–5 min without isothermal hold. An analysis of the experimental data (microwave power;
heating and cooling rates) along with microstructure characterization provided an insight into the
mechanism of flash sintering. Flash sintering occurs when the processing conditions—including
the temperature of the sample; the properties of thermal insulation; and the intensity of microwave
radiation—facilitate the development of thermal runaway due to an Arrhenius-type dependency of
the material’s effective conductivity on temperature. The proper control over the thermal runaway
effect is provided by fast regulation of the microwave power. The elevated concentration of defects
and impurities in the boundary regions of the grains leads to localized preferential absorption of
microwave radiation and results in grain boundary softening/pre-melting. The rapid densification of
the granular medium with a reduced viscosity of the grain boundary phase occurs via rotation and
sliding of the grains which accommodate their shape due to fast diffusion mass transport through the
(quasi-)liquid phase. The same mechanism based on a thermal runaway under volumetric heating
can be relevant for the effect of flash sintering of various oxide ceramics under a dc/ac voltage
applied to the sample.




In recent years considerable interest has been drawn to the processes of materials sintering making
use of electric currents and/or fields. Enhanced sintering of various ceramic, composite and metal
powder materials has been observed when using such methods as Field Assisted Sintering Techniques
(FAST), Pulsed Electric Current Sintering (PECS), Spark Plasma Sintering (SPS), and Microwave
Sintering. Several reviews of these methods and their applications to the sintering of a wide range of
different ceramics have been published recently (see, e.g., [1–3]). These new techniques have attracted
great attention due to their common advantage, viz. a shorter time needed to consolidate powders as
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compared to conventional methods. In many cases, the reduction in the sintering time can be as large
as 102, and the total processing time can be minutes instead of hours.
Recently, an even faster sintering method has been developed, the so called flash sintering [4–8].
In this method, a DC or low-frequency AC voltage is applied to a ceramic powder compact heated in a
conventional furnace. The flash sintering occurs at a certain critical combination of the values of the
temperature and the power dissipated in the sample due to the flow of electric current through it, and it
results in full densification of the compact in a few seconds. The mechanisms responsible for flash
sintering have not yet been determined, being a subject of wide discussion. Several hypothetic concepts
supposedly relevant to flash sintering have been listed in the review [2]. They include nucleation of
Frenkel pairs under the applied field [9], electrical boundary resistance [10], stress-induced generation
of electric fields [11], and interaction between the external field and the space charge field [12].
Recently, a liquid film capillary model was discussed as a mechanism of rapid densification during
flash sintering [13]. A similar mechanism of grain boundary softening has been proposed to explain
the rapid densification under SPS [14]. In fact, starting from the very first publications on the flash
sintering effect observations it has been noted that the current flow through the sample should lead
to its significant heating [7]. The internal Joule heat sources provide volumetric heating, whereas the
removal of heat proceeds through the surface. It is clear that at a certain ratio between the capacity of
energy generation and heat capacity of the sample an overheating instability, known as the thermal
runaway, may develop. Currently, it is generally agreed that the temperature instability plays a crucial
role in the development of the flash sintering effect. At the same time, there is no clear understanding
of how/whether the temperature instability can be a trigger for fast densification.
The thermal runaway is a well-known issue in microwave processing of materials [15,16].
Microwave heating occurs due to the absorption of electromagnetic radiation in the material. In many
materials, including ceramics of various compositions, the coefficients of absorption increase with
temperature. If during the heating process the parameter β = (dPv/dT) ˆ (T/Pv) (where Pv is the
power deposited per unit volume of the sample and T is temperature) exceeds a certain critical value,
a thermal runaway develops in the sample [16]. As a rule, the possibility of uncontrolled temperature
instability development is viewed as one of the main shortcomings of the use of microwave heating
for high-temperature processing of materials.
We recently demonstrated [17,18] that flash sintering of oxide ceramic materials (Al2O3, Y2O3,
MgAl2O4, and Yb:(LaY)2O3) is observed under rapid microwave heating due to the development of
a temperature instability. There is experimental evidence that the ultra-rapid densification (within
tens of seconds) of powder compacts to a near-theoretical density occurs due to particle surface
softening and subsequent liquid phase sintering. In the development of the flash sintering process
a determining role is played by two factors associated with the properties of the boundary regions
of the grains. Due to the elevated concentration of defects and impurities in the grain boundaries
these regions have higher electric conductivity (which grows fast as the temperature increases) and
therefore higher absorption coefficient of microwave radiation. The increase in the absorbed power
causes further increase in the temperature and in the effective electric conductivity. Although the
power is deposited in a non-uniform manner because of a non-uniform distribution of the heat sources,
thermal conduction effectively equalizes the temperature on the scale of the grain size (on the order of
one micron or less) [19]. On the other hand, at temperatures that are close enough to the melting point
the intense electromagnetic field may generate additional defects in the crystalline lattice. Due to the
elevated defect/impurity concentration the temperature of the particle surface softening/pre-melting
can be noticeably different from the melting point of the crystalline material of the bulk of the grains.
Therefore it can be argued that intense microwave heating leads to formation of a (quasi-)liquid
phase at the grain boundaries, which results in very rapid liquid-phase sintering. A proper fast
feedback-based control of the microwave power during sintering helps prevent possible negative
effects associated with the thermal runaway.
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In this paper we discuss in detail the experimental results that confirm formation of the liquid
phase in the samples sintered under intense microwave heating. The estimated values of the electric
field, effective electric conductivity, and specific absorbed power are shown to be close to the respective
values obtained in the flash sintering processes carried out under an applied DC or low-frequency
AC electric field. Based on this correlation, we conclude that the mechanisms responsible for the flash
sintering effect are similar for the DC/AC electric field-assisted processes and microwave sintering.
2. Materials and Methods
2.1. Materials Preparation and Characterization
Nanopowders of Y2O3, MgAl2O4, and 5 at % Yb:(La0.1Y0.9)2O3 compositions were produced at
the Institute of Chemistry of High-Purity Substances (Russian Academy of Sciences, Nizhny Novgorod,
Russia) via a wet chemical route with a subsequent self-propagating high-temperature synthesis (SHS).
The details of the powder production procedures can be found elsewhere [17,18]. The particle sizes of
powders after calcining determined by the Brunauer, Emmett and Teller method (BET) were 130 nm
(Y2O3), 10 nm (MgAl2O4), and 140 nm (Yb:(LaY)2O3). The Al2O3 samples were prepared from high
purity α-alumina powder AES-11C (Sumitomo Chemical Co. Ltd., Tokyo, Japan). The average particle
size D50 was 0.45 μm. According to the producer, 0.05 wt % MgO was intentionally introduced into
the powder for better sinterability. The powders were cold uniaxially pressed at 150–400 MPa into
disks, 13 mm in diameter and 2.5 mm in thickness. The relative densities of the green bodies were
approximately 0.42 (Y2O3), 0.38 (MgAl2O4), 0.52 (Yb:(LaY)2O3), and 0.64 (Al2O3) of the corresponding
theoretical densities.
The samples were heated in the applicator of a gyrotron system with a microwave power of up
to 6 kW at a frequency of 24 GHz, equipped with a computerized feedback power control circuit [20].
The samples were placed in the center of a cylindrical quartz crucible, 100 mm in diameter and
100 mm in height. For thermal insulation of the samples the crucible was filled with either coarse
(particle size 3–5 μm) Y2O3 powder (in the case of Yb:(LaY)2O3 and Y2O3 samples) or coarse alumina
powder (MgAl2O4 and Al2O3 samples). The temperature of the samples was measured by a B-type
thermocouple whose tip touched the sample center from the bottom. In the case of Yb:(LaY)2O3
sintering, a thin (0.5 mm) Y2O3 ceramic disk was placed between the sample and the thermocouple
to prevent chemical interaction. To remove the residues of the binder, samples were heated in air
at a slow heating rate (10 ˝C/min) up to an intermediate temperature of 800 ˝C and held for one
hour. No alterations in density and microstructure of samples were observed after this preliminary
heat treatment. Upon completion of this initial stage of heating, the applicator was pumped out
to a pressure of about 5 ˆ 10´1 Pa and then the main stage of fast heating to the preset maximum
temperature started. The Al2O3 powder compacts were microwave sintered in air at normal pressure.
The samples were heated from the above mentioned intermediate temperature to the maximum
sintering temperature in two different regimes. One employed computer control of the microwave
power enabling the heating of a sample at a preset fixed rate (50, 100, 150, or 200 ˝C/min). In the
other regime, a fixed level of microwave power was used (about 5 kW as measured at the applicator
input). In both cases the heating was terminated when the preset maximum temperature was reached.
The microwave power was switched off automatically by the control system and the sample cooled
down along with the thermal insulation surrounding it.
For the comparative study of the grain growth kinetics the samples were heated by microwaves
and conventionally at a ramp-up rate of 6 ˝C/min to a number of temperatures in the range
1320–1770 ˝C and held at these temperatures for zero and ten hours. Mean linear intercepts, L,
were measured on SEM images of thermally etched polished surfaces containing 50–150 grains,
and converted to grain size, D, taking into account the stereological factor [21].
A key point in the comparative studies is the accordance between the results of temperature
measurements at microwave and conventional heating. An unshielded B-type Pt–Rh thermocouple
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was used to measure the temperature of samples at microwave heating. The correctness of the
thermocouple measurements was checked by microwave heating of a small copper ball making use
of the Cu melting temperature (1083 ˝C) as a reference point. The results of tests have shown that
the difference between the measured melting temperature and the reference data did not exceed 5 ˝C,
which was within the accuracy of the thermocouple measurements.
The density of the sintered samples was determined by Archimedes weighing in distilled water
with an estimated accuracy of ˘0.01 g/cm3. The microstructure of the as-sintered samples was
studied by scanning electron microscopy (JEOL JSM-6390 LV, Tokyo, Japan). The element distribution
was analyzed by energy dispersion spectrometry (EDS) using JEOL EX-54175 JMH (Tokyo, Japan)
detector combined with the microscope. The grain structure profiles were investigated by atomic force
microscopy (Smena NT–MDT, Moscow, Russia). The phase composition of the sintered samples was
analyzed using a Rigaku Ultima IV X-ray difractometer (Tokyo, Japan).
2.2. Energy Balance during Microwave Heating
As noted above, the connection between the development of the overheating instability (thermal
runaway) and flash sintering is now commonly recognized. The instability develops due to a
misbalance between the power deposited within the volume of the sample and the heat losses.
Therefore a key parameter determining the flash sintering phenomenon is the power deposited per
unit volume. While in the experiments with DC/low-frequency AC currents the power density is
easily obtainable by measuring the current flowing through the sample and the applied voltage, in the
case of microwave heating the power absorbed per unit volume is not readily available but can be
determined using the procedure described below.
The microwave power absorbed in a sample increases its temperature and/or compensates the
heat losses. The microwave power deposited per unit volume of the sample, Pv, can be determined
from the experimental data using the energy balance equations. Immediately before and after the time
instant when the maximum temperature is achieved and the microwave power is switched off the

















where ρ is density, C is specific heat capacity of the material of the sample, Phl is the power in heat
losses, (dT/dt)+ and |(dT/dt)´| are the rates of heating and cooling before and after the microwave
power switchoff, respectively. As follows from Equation (1), the value of Pv is higher, the higher the
heating rate (as long as the thermal insulation conditions are the same). Therefore it can generally be
argued that whenever the experimental results depend on the microwave heating rate, it is in fact the
effect of the absorbed electromagnetic power.
In general, the power in heat losses, Phl, is the total power lost by thermal conduction, convective
and radiative heat flows. The power in heat losses increases as the temperature of the sample grows.
Therefore, during a constant-rate heating process the microwave power deposited per unit volume of
the sample increases monotonically to compensate the increasing heat losses (unless there are phase
transformations accompanied with the changes in the internal energy of the sample). An example of
such behavior of microwave power during the heating of a sample compacted from α-Al2O3 powder
at a rate of 10 ˝C/min to 1100 ˝C and then 15 ˝C/min to 1400 ˝C is shown in Figure 1.
The power Pv (1) absorbed in the sample, per unit volume, can be expressed via the electric field
strength in the sample, Es, and the effective high-frequency electric conductivity of the material of the
sample, σeff, as follows:
Pv “ σeff Es2 (2)
Unlike the experiments on flash sintering with dc/low-frequency ac currents, in the microwave
sintering experiments it is not possible to directly measure the power absorbed in the volume of the
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sample. The measureable quantity in these experiments, along with the temperature of the sample,
is the input microwave power, P, that is fed into the applicator in which the sample and the thermal
insulation arrangement surrounding it are positioned. The input power, P, determines the magnitude






where ε0 is the electric constant, E is the electric field in the cavity, Q is the quality factor of the cavity,
and f is the microwave frequency.
 
Figure 1. Temperature (T) and microwave power (P) during microwave heating of a sample compacted
from α-Al2O3 powder at a rate of 10 ˝C/min to 1100 ˝C and then 15 ˝C/min to 1400 ˝C.
A specific feature of the gyrotron system that operates in the millimeter-wave range is that its
applicator is an untuned multimode cavity [23] with a high ratio of its volume, V, to the cube of
the radiation wavelength, λ: V/λ3 « 105. In such a cavity the electromagnetic field distribution
over its volume is quasi-uniform since it presents a superposition of many oscillation modes excited
simultaneously [24]. The quality factor, Q, for this type of cavity is determined primarily by the Ohmic
losses in its walls, because the losses in the sample are small due to its small dimensions (usually
on the order of 1 cm3) and the coupling loss is negligible due to small area of the input opening of
the cavity.
It can be shown that the electric field strength Es in a small sample with the dielectric permittivity
ε ~ 5–15, which is placed in the cavity, is approximately equal to the electric field in the cavity outside
of the sample: Es « E. Then, using Equations (2) and (3) it is easy to obtain the interrelation between the
power incoming the applicator, P, and the microwave power deposited per unit volume of the sample:




where V is the volume of the applicator.
3. Results and Discussion
3.1. Flash Microwave Sintering of Yb:(LaY)2O3 Ceramic Samples
In the present study, at temperatures above 800 ˝C the Yb:(LaY)2O3 samples were heated at
rates in the range of 50–7000 ˝C/min up to a preset maximum temperature chosen between 1300
and 1600 ˝C. The cooling rates (immediately after the automatic microwave power switchoff at
maximum temperature) were 180–1000 ˝C/min, depending on the heating regime. An example of a
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typical behavior of the input microwave power, P, during these microwave heating experiments is
shown in Figure 2.
 
Figure 2. Temperature and microwave power at the applicator input vs. time, recorded at the
high-temperature stage of the sintering of an Yb:(LaY)2O3 sample with a heating rate of 100 ˝C/min.
The vertical line denotes the onset of the sharp rise in the effective conductivity.
As seen in Figure 2, at an initial stage of heating the automatically controlled input microwave
power increases from 680 to 1200 W as the temperature grows. Then, at a temperature of about 950 ˝C,
the actual temperature growth rate begins to exceed the prescribed one. The accelerated temperature
growth, i.e., thermal runaway, is suppressed by the automatic process control system by sharply
reducing the microwave power. As follows from Equation (4), the drop in the power needed to
sustain the heating at a constant rate means nothing but a sharp increase in the effective electric
conductivity of the sample. The experiments show that the temperature Tonset at which the power drop
occurs decreases with increasing heating rate [17]. Obviously, the observed increase in the effective
conductivity must be caused by certain changes in the structure or phase state of the material, which
we will identify below. Let us note that the detection of such changes based on the measurement of
the input microwave power can be viewed as a peculiar implementation of the method of microwave
thermal analysis [25].
The final density of all flash microwave sintered Yb:(LaY)2O3 samples was 98%–99% [17]. An SEM
study of unpolished surfaces of the samples showed that the heating rate (and hence the absorbed
microwave power as discussed above) strongly affects the microstructure. Isolated droplets, a fraction
of a micron in size, located along the grain boundaries are observed in the sample heated at a rate
of 50 ˝C/min to a temperature of 1500 ˝C (Figure 3a). In previous studies with samples of the same
composition, microwave heated at a much slower rate of 5 ˝C/min [26], no such droplets were
seen in the microstructure. With an increase in the microwave heating rate to 100 and 150 ˝C/min,
the particles merge together forming layers, up to 0.3 μm in thickness, which surround the grains
(Figure 3b). Between the grains one can clearly see interlayers composed of a different phase (looking
brighter in the backscattered electron image). The formation of rounded or lenticular islands at
grain boundaries that first produce a necklace structure and then aggregate into continued films is a
well-known effect in the theory of liquid-phase sintering [27].
The thickness of the melted intergranular layers varies with the heating rate and the maximum
temperature of the sample. If both the heating rate and the maximum temperature were excessively
high, the melting process was not confined within the grain boundaries but affected larger (though
still localized) areas of the sample (Figure 3c). An XRD study of the surfaces of all sintered samples,
including those with partially melted regions, revealed only crystalline and no amorphous phases.
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Figure 3. Microstructure of unpolished surfaces of sintered Yb:(LaY)2O3 samples heated in the regimes:
(a) 50 ˝C/min to 1500 ˝C; (b) 100 ˝C/min to 1500 ˝C; (c) 7000 ˝C/min to 1580 ˝C.
The presence of a liquid phase between solid particles was confirmed by SEM and AFM images
of the surfaces of the sintered ceramic samples. For example, an SEM study of the sample microwave
heated at a rate of 200 ˝C/min to 1500 ˝C showed that the surface relief is uneven on the grain size scale
(Figure 4a). The edges of the grains are raised above their middle area. The results of an AFM study
of the surface relief confirmed that the grain edges are protruding (Figure 4b). Typically, the height
of these edge ledges is of the same order of magnitude as the width of the softened intergranular
layers, i.e., a fraction of a micron. The protruding areas arise at grain boundaries because the volume
of material changes as the liquid phase forms. In most oxide materials the specific volume increases
by 10%–20% upon transition from solid to liquid phase [28]. During sintering, the liquid phase partially
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fills the triple points of the granular structure by viscous flow, thus facilitating densification, and is
partially extruded to the free surface of the samples.
(a) (b) 
Figure 4. Microstructure of an unpolished surface of a sintered Yb:(LaY)2O3 sample microwave heated
at a rate of 200 ˝C/min to 1500 ˝C: (a) SEM image; (b) AFM profile across two adjacent grains, grain
boundary positions shown with arrows (note different scales for the horizontal and vertical axes).
The effect of accelerated sintering apparently results from an avalanche pre-melting or melting of
powder particle surfaces [29,30]. The non-uniform deposition of microwave energy starts at an early
stage of heating due to enhanced absorption of microwave energy at the particle surfaces, where the
concentration of impurities and defects is elevated. Despite this non-uniformity in energy deposition,
the temperature remains nearly uniform across the particle because thermal conductivity prevents
development of a significant difference between the temperatures of the particle surface and bulk
when the particle size is on the order of microns [19]. However, due to the abundance of impurities
and defects in the near-boundary regions of particles the melting temperature of surface/boundary
can differ noticeably from the melting point of the pure solid material. As a result, particle surface
pre-melting may occur well below the bulk melting point of the material. This leads, in turn, to a
sharp increase in the effective conductivity σeff and the absorbed microwave power Pv, causing the
development of a local thermal runaway. Due to the melting of particle surfaces the solid grains appear
to be surrounded by a melt with a low viscosity. Dissolution of solid into the liquid and enhanced
diffusion mass transport through the liquid layer leads to a rounded shape and a smooth surface
of grains.
The liquid phase wets the grains completely because their chemical compositions are similar.
The capillary attractive force causes particle rearrangement due to rotation and sliding of small-size
grains relative to each other, which eventually results in fast densification. At the final stage of sintering
the larger grains grow at the expense of the smaller grains by the solution-reprecipitation mechanism.
As seen in the microstructure of an unpolished surface of a sample heated up to a temperature
of 1570 ˝C (Figure 5), some of the larger-size (about 20 μm) grains have an inner substructure that
consists of densely packed rounded particles of an order-of-magnitude smaller size. Note that a similar
microstructure, with grains having an inner substructure, was observed in the YAG ceramics sintered
by spark plasma sintering [31], which was interpreted as a manifestation of rapid densification of
nanocrystalline YAG via surface softening of particles and liquid phase formation.
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Figure 5. Microstructure of an unpolished surface of a sintered Yb:(LaY)2O3 sample microwave heated
at a rate of 100 ˝C/min to 1570 ˝C. Note the substructure in some of the larger grains.
It is well known that during microwave volumetric heating, accompanied by heat loss through
the surface, the so-called inverse temperature distribution develops in the sample, with the core
of the sample being hotter than the periphery [16]. For example, during microwave heating at a
rate of 150 ˝C/min to 1500 ˝C the temperature difference between the center and the surface of an
Yb:(LaY)2O3 sample with a diameter of 13 mm reached 250–300 ˝C [17]. Yet, despite such a large
temperature difference, the microwave flash sintered samples achieved uniform near-full density,
and the grain size distribution over the diameter of the samples was fairly uniform, with deviations
from the average value not exceeding ˘10%. Based on the analysis of the experimental observations
described above, the following mechanism of microwave flash sintering can be suggested. The process
of particle surface melting starts in the core region of the sample. In the course of densification the
liquid phase is partially squeezed out of the core region into the more porous peripheral structure.
The region of the maximum deposition of the microwave power, Pv, moves toward the periphery
along with the liquid phase due to the elevated electric conductivity of the latter. This results in further
melting of grain boundaries and liquid phase production outside of the core region of the sample.
In this manner, a transient liquid-phase densification front propagates from the core of the sample
to its periphery, resulting in high final density and uniform grain size distribution. It should also be
noted that the liquid-phase front propagation limits the development of local thermal runaway at each
particular point of the sample and thereby prevents its destruction.
An EDX study has shown that the initially uniform element distribution corresponding to the
stoichiometric compound 5 at % Yb:(La0.1Y0.9)2O3 changes after rapid sintering. The characteristic
element composition of the phases was determined by averaging the results of measurements at five
points belonging to the intragrain areas and seven points in the intergranular phase. Each measurement
characterized a spot on the order of 1 μm in size. The measurements were performed on unpolished
surfaces of the samples to increase the sensitivity to the intergranular phase that squeezed out from
between the grains and distributed partially over the surface of the sample. The results of element
analysis, including the values of the experimental error, are listed in Table 1. A histogram of the
element content in the intragrain and intergrain regions is shown in Figure 6.
Table 1. Results of element analysis, wt %.
Element Intragrain Intergranular Phase
C 1.80 ˘ 0.09 1.50 ˘ 0.06
O 14.44 ˘ 0.47 17.36 ˘ 0.81
Y 68.83 ˘ 0.37 59.57 ˘ 2.00
La 9.13 ˘ 0.14 16.53 ˘ 1.70
Yb 5.79 ˘ 0.10 5.04 ˘ 0.18
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Figure 6. Results of element analysis on the surface of a sintered Yb:(LaY)2O3 sample microwave
heated at a rate of 100 ˝C/min to 1550 ˝C.
Compared to the material of the grains, the intergranular phase is enriched with La and O and
depleted with Y. This has also been confirmed qualitatively by element maps obtained by X-ray
microanalysis. The relative element content in the bulk of the grains is close to the stoichiometric
ratio for the composition 5 at % Yb3+ (La0.1Y0.9)2O3; however, in the intergranular phase it is notably
different. Presumably, the La3+ ions have a lower diffusion coefficient than Y3+ due to their larger mass
and ionic radius; therefore La ions may accumulate in the intergranular regions.
3.2. Microwave Effect on the Grain Growth Kinetics of Yb:(LaY)2O3 Ceramics
It is known that the Y2O3—(0–18 mol %) La2O3 solid solution with a cubic structure is
thermodynamically stable at temperatures above 1400 ˝C [32–34]. No thermodynamic data on the
5 at % Yb3+ (La0.1Y0.9)2O3 composition, in particular on its melting temperature, are available. In order
to study the effect of the microwave electromagnetic field on grain boundary melting phenomena,
liquid phase formation, and its influence on grain growth, samples of this composition were heated
both by microwaves and conventionally (in a resistive oven). This experimental series was performed
at a ramp-up rate of 6 ˝C/min to make possible the comparison between the results of microwave and
conventional heating.
An example of a typical behavior of the input microwave power during the heating at a rate
of 6 ˝C/min is shown in Figure 7. The vertical line denotes the onset of the rise in the effective
conductivity presumably caused by the melting of particle surfaces. At this low heating rate,
the onset temperature, Tonset, is 1140 ˘ 20 ˝C, which coincides within the margin of error with
the value 1130 ˘ 20 ˝C observed at a heating rate of 50 ˝C/min in the experimental series described
in Section 3.1. This suggests that the temperature of particle surface softening in the presence of
moderate-intensity microwave field is about 1140 ˝C, decreasing at higher field intensities.
It is well known that the process of grain growth is greatly accelerated in the presence of the
liquid phase in the sintered material [35,36]. The rate of diffusion mass transport is proportional to the
product of the diffusion coefficient and the cross section of the diffusion layer. At liquid phase sintering
the magnitude of this product is high compared with the case of solid phase sintering due to an
increase in both factors. As a result, the rates of both densification and grain growth are higher at liquid
phase sintering. The features related to microwave radiation absorption and microwave interaction
with the material may develop at any of the main consecutive stages of liquid-phase sintering [36]:
(a) melting of the liquid-forming additive and redistribution of the liquid; (b) rearrangement of the
majority solid phases in the presence of a liquid phase; (c) densification and shape accommodation of
the solid phase; and (d) final densification driven by residual porosity in the liquid phase.
Therefore, a comparative study of the grain growth kinetics should make it possible to understand
the mass transport mechanisms involved in the sintering process. The grain growth was systematically
studied under microwave and conventional resistive heating by varying the temperature and hold time.
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Figure 7. Temperature and microwave power at the applicator input vs. time, recorded at the
high-temperature stage of the sintering of an Yb:(LaY)2O3 sample with a heating rate of 6 ˝C/min.
The vertical line denotes the onset of the rise in the effective conductivity.
The grain growth by different mechanisms of diffusion mass transport is described by the
following expression [35]:
Dmptq ´ Dmpt0q “ Kt (5)
where D(t) and D(t0) are the grain sizes at time t and t0, respectively, m is the grain size exponent,
K “ K0 exp p´Qa{RTq (6)
K0 is the pre-exponential factor of the diffusion coefficient, Qa is the grain growth activation energy,
and R is the gas constant. The exponent m depends on the rate-controlling mechanism of grain growth.
The value m = 2 indicates that the solid state mass transport is the dominant mechanism for grain
growth, whereas m = 3 is indicative of the diffusion though the liquid phase [37] or ion dissolution as
the rate-controlling step.
The average grain size was determined using the SEM images obtained on the polished surfaces
of the samples. The microstructure of samples sintered under microwave and resistive heating
at a temperature of 1750 ˝C with a 10-h isothermal hold is shown in Figure 8. Figure 9 shows
the dependencies of the grain size (averaged across the diameter of the sample) on the sintering
temperature at microwave and conventional heating for zero and 10-h hold times.
(a) (b) 
Figure 8. Microstructure of polished surfaces of sintered Yb:(LaY)2O3 samples heated at a rate
of 6 ˝C/min to 1750 ˝C with a 10-h hold under (a) microwave, and (b) conventional heating.
Note different scale bars.
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Figure 9. Average grain size in Yb:(LaY)2O3 samples vs. sintering temperature: 1—conventional
heating, zero hold; 2—conventional heating, 10-h hold; 3—microwave heating, zero hold;
4—microwave heating, 10-h hold.
As seen from the data plotted in Figure 9, the heating method affects the grain growth rate
substantially. At the same temperature and hold time, the average grain size obtained under microwave
heating exceeds the grain size obtained under conventional heating greatly. For example, at a
temperature of 1570 ˝C and zero hold the average grain size is 0.52 μm under conventional heating
and 6.1 μm under microwave heating; at a temperature of 1750 ˝C and a 10-h hold the average grain
size is 13.9 μm and 60.1 μm, respectively.
In the case of microwave heating, the character of the dependency of the average grain size on the
temperature and hold time is typical of liquid phase sintering [38]. The rapid growth of the average
grain size at intermediate temperatures (1550–1650 ˝C) corresponds to the predominant effect of the
solution-reprecipitation mechanism at this stage. At higher temperatures the grain growth slows down
and the microstructure coarsening by the Ostwald ripening mechanism can become the dominant
process. This grain growth slowdown is as well characteristic of conventional and spark plasma liquid
phase sintering [39,40] and it does not depend on the method of heating.
The activation energy of grain growth can be determined on the basis of the obtained data using
Equation (5). Plotted in Figure 10 are the dependencies of the quantity ln[(Dm(t) ´ Dm(t0)] on the
reciprocal temperature. The values of the activation energies and the coefficients of determination
corresponding to a straight line fit of the Arrhenius dependence of ln[(Dm(t) ´ Dm(t0)] on T´1 are
listed in Table 2 for different m values.
Table 2. Activation energy of grain growth and the coefficient of determination, R2, for the
dependence of ln[(Dm(t) ´ Dm(t0)] on the reciprocal temperature of sintering for microwave and
conventional heating.
Method of Heating Temperature (˝C)
Activation Energy, Qa (kJ/mol)/
Coefficient of Determination, R2




conventional 1570–1750 467/0.983 706/0.984
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Figure 10. Plots of ln[(Dm(t) ´ Dm(t0)] vs. reciprocal temperature of sintering for conventional (1) and
microwave (2) heating; here it is assumed that m = 3.
One or another mechanism controlling the grain growth could be chosen based on the comparison
of the obtained values of the activation energy for grain growth with the known data on the
activation energy for diffusion processes in the given material in the appropriate temperature range.
Unfortunately, there are no data on the activation energy for diffusion available for the Y2O3—10 mol %
La2O3 (doped with 5 at % Yb) solid solution.
It can be seen from the data listed in Table 2 that for the case of conventional heating the R2 values
for both fits (m = 2 and m = 3) virtually do not differ. The hypothesis of m = 2 appears preferable
because in this case the corresponding value of Qa is closer to the typical values of the activation
energy of grain boundary diffusion of Y3+ ions in solids [41,42]. In the case of microwave heating,
the plot of ln[(Dm(t) ´ Dm(t0)] shown in Figure 10 has two distinct parts for low (1570–1670 ˝C) and
high temperatures (1670–1750 ˝C). This behavior is typical of liquid phase sintering due to the different
mechanisms of grain growth acting at low and high temperature. The calculated values of the activation
energy differ greatly for the two parts of the plot: for m = 3 the activation energy Qa = 241 kJ/mol for
the temperature range 1570–1670 ˝C and Qa = 1056 kJ/mol for the range 1670–1750 ˝C. Large activation
energy values for the high-temperature range are in good agreement with the activation energy for
dissolution of rare-earth oxides which is above 1000 kJ/mol [43].
3.3. Ultra-Rapid Microwave Sintering of Al2O3, MgAl2O4, and Y2O3 Ceramics
The observed flash microwave sintering effect is not unique to Yb:(LaY)2O3 laser ceramics.
The heating procedure, conditions and characteristic features of ultra-rapid microwave sintering
have been studied for other oxide ceramics: Y2O3, Al2O3, and MgAl2O4 [18,44]. Similar to the case
of Yb:(LaY)2O3 ceramics, the occurrence of the microwave flash sintering effect was in all cases
determined by the combined action of two factors: the temperature of the sample and the microwave
power deposited per unit volume of the sample, Pv. The overheating of the samples was avoided
and their integrity was ensured by a system of fast automatic process control, which prevented
development of the thermal runaway. From the practical viewpoint, it is important that the onset of
rapid densification is easily identified without dilatometry by a sharp decrease in the level of the input
microwave power required to sustain the preset heating rate.
The Y2O3 samples were microwave heated at rates 10–200 ˝C/min to maximum temperatures
1400–1700 ˝C with zero hold time. Both a sharp drop in the input microwave power due to an increase
in the material’s effective conductivity and a simultaneous increase in the density of the samples
were observed at temperatures 1350–1450 ˝C when the microwave power deposited per unit volume
of the sample, Pv, was above 40 W/cm3. As an example, shown in Figure 11 are the temperature
and the microwave power at the applicator input recorded at the high-temperature stage of the
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sintering of an Y2O3 sample with a heating rate of 100 ˝C/min to a maximum temperature of 1600 ˝C.
Y2O3 samples with densities over 0.98 ρth have been obtained at a heating rate of 100 ˝C/min and
maximum temperatures 1600–1700 ˝C. The density of the microwave flash sintered Y2O3 samples
was higher than the density of the samples obtained by a slower-rate (10 ˝C/min) microwave heating
process with a 15 min isothermal hold at the maximum temperature.
Figure 11. Temperature and microwave power at the applicator input vs. time, recorded at the
high-temperature stage of the sintering of an Y2O3 sample with a heating rate of 100 ˝C/min.
The vertical line denotes the onset of the sharp rise in the effective conductivity.
The Al2O3 powder compacts were microwave sintered in air at heating rates in the
range 50–250 ˝C/min. The microwave power deposited per unit volume of the sample, Pv,
was 15–100 W/cm3. Samples, with the density as high as 98%–99% of the theoretical density (ρth), were
obtained at temperatures 1400–1550 ˝C with zero hold time. Additionally, Al2O3 samples were sintered
in a preheated resistive furnace in the regimes which mimicked the regimes of microwave heating
precisely, to make possible the comparison between the results of fast microwave and conventional
sintering. The density of the samples sintered in the resistive furnace did not exceed 0.96 ρth.
The density of the MgAl2O4 samples microwave heated at rates in the range 100–200 ˝C/min to a
maximum temperature of 1800 ˝C with zero hold time was over 0.99 ρth. This was markedly larger
than the density of samples heated at a lower rate of 6 ˝C/min to the same temperature with a 2-h
hold time (about 0.97 ρth).
It should be noted that in contrast to Yb:(LaY)2O3-samples, the samples of all these compositions
were compacted from high purity powders and contained no intentionally introduced additives, except
for 0.05% MgO in Al2O3. Due to this fact, only minor amounts of liquid phase could be formed which
were not clearly detectable by the analytical instruments used in this study. However, the specific
behavior of the microwave power during the heating of the above listed ceramic materials, as well as
the common features in the grain growth and microstructure formation suggest that their ultra-rapid
densification at high values of the microwave power deposited per unit volume, Pv, resulted from
the same mechanism of fast mass transport via the softened particle surfaces as in the case of the
Yb:(LaY)2O3 ceramic sintering.
3.4. Similarity between Microwave and DC/Low-Frequency AC Flash Sintering
The effect of flash sintering under an applied DC/AC voltage is usually discussed in terms of the
electric field strength and the power absorbed per unit volume of the sample [4,7,29]. As was shown
in [17], the observed microwave flash sintering effect can be discussed in similar terms.
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The energy balance Equations (1) make it possible to estimate the microwave power absorbed per
unit volume of the sample using the data on the rates of heating (dT/dt)+ and cooling (dT/dt)´ recorded
in the experiments immediately before and after the microwave power switchoff. On variation of the
microwave power input to the applicator from 0.5 to 3.0 kW, which corresponds to the variation of the
heating rate from 50 to 2100 ˝C/min, the value of the power deposited per unit volume of the samples,
Pv, ranges from approximately 20 to 160 W/cm3. Note that the electric power density triggering
the dc/ac flash sintering of various oxide ceramics is typically in the range 10–1000 W/cm3 [4,7,29].
From the relationship Equation (3) between the electromagnetic energy, W, stored in the cavity and
the input power, P, taking into account the quality factor for the applicator used in the experiments,
Q « 104, the microwave electric field strength can roughly be estimated as E[V/cm] « 5 ˆ ?P[W].
At the mentioned variation of the input power the microwave electric field strength in the samples
varies from 100 to 270 V/cm. The electric field of the same order of magnitude is typically imposed on
the samples in the experiments on DC/AC flash sintering.
Using Equation (2) it is possible to estimate the effective microwave electric conductivity, σeff,
based on the experimental data. It has been shown in [17] that the electric conductivity of the
intergranular liquid phase can be estimated based on the percolation theory [45] assuming that it is
much higher than the bulk conductivity of the grains. In particular, for the case when a sample was
heated at a ramp-up rate of 2400 ˝C/min to 1500 ˝C it was estimated that the mass of the melted
material could be as high as 20% of the total mass of the sample. The electric conductivity of the
liquid phase was estimated to be 0.25–0.7 (Ω¨cm)´1. The high-temperature electric conductivity of
the 5 at % Yb3+ doped (La0.1Y0.9)2O3 composition is not known. However, it should be noted that the
estimated values are slightly lower than the conductivity of pure Y2O3 above the melting point, which
equals 0.9 (Ω¨cm)´1 [46].
Thus, the values of the electric field strength and the power deposited per unit volume of the
sample at which the flash sintering effect is observed are within the same ranges for the cases of
microwave heating and the heating by DC/AC currents. The results of microstructure characterization
of the sintered materials suggest that the mechanisms responsible for the flash sintering effect in
the DC/AC electric field-assisted processes and microwave sintering are identical. The formation of
isolated small, mostly rounded droplets located along the grain boundaries, similar to those described
in Section 3.1, was observed in a study of the microstructure of BaCe0.8Gd0.2O3-δ powder compacts
heated conventionally under an applied ac electric voltage [6]. According to reference [6], the ac
current flowing through the grain boundaries promotes grain welding via local Joule heating.
The fact that the flash sintering effect is perhaps more pronounced in the case of DC/AC
field-assisted sintering could be associated with the significant difference in the geometrical
configuration of the samples used in the experiments. This difference results in a different degree
of temperature non-uniformity over the sample cross section. The samples used in the DC/AC
flash sintering experiments were either dog bones with a cross section about 2 ˆ 3 mm2 or small
pellets, 5–7 mm in diameter, whereas the diameter of the pellets used in the microwave flash sintering
experiments described here was 13 mm.
4. Conclusions and Outlook
We report the results of a study of an ultra-rapid (“flash”) microwave sintering process with oxide
ceramic materials Al2O3, Y2O3, MgAl2O4, and Yb:(LaY)2O3 to densities 98%–99% of the theoretical
value within minutes or even fractions of a minute, without the high-temperature hold stage. On the
grounds of the analysis of experimental data (microwave power, heating and cooling rates) and
microstructure characterization, we propose a mechanism of flash microwave sintering based on
particle surface softening/melting.
At a certain point during rapid microwave heating of samples at a fixed rate (50, 100, 150,
or 200 ˝C/min) a sharp drop of the input microwave power is observed. This drop in the input
power is produced by the automatic process control system as a response to the rapid increase in
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the high-frequency electric conductivity, which is associated with the development of an overheating
instability known as thermal runaway. The development of the instability depends on two factors:
the temperature of the material and the microwave power deposited per unit volume. The onset
temperature of the instability decreases with an increase in the microwave power deposited per unit
volume of sample.
The results of the microstructure characterization of the sintered samples demonstrate that the
ultra-rapid densification occurs due to particle surface softening and subsequent liquid phase sintering.
The temperature of the softening/melting of particle surfaces/grain boundaries can be noticeably
different from the bulk material melting point due to the elevated density of defects and impurities.
During microwave volumetric heating the highest temperature arises in the core of the sample and
the process of particle surface melting starts there. In the course of densification the liquid phase
is extruded into a more porous peripheral structure and contributes to its densification. In effect,
a densification front, coinciding with the region of the maximum deposition of the microwave power,
propagates from the core of the sample to its periphery, producing a fully dense ceramic material in a
very short time.
A comparison of the obtained results of microwave flash sintering with the results of DC
or low-frequency AC flash sintering experiments suggests that the mechanisms of ultra-rapid
densification are similar or even identical for the two approaches. The temperature distribution
in the samples subjected to a DC/AC electric field is determined by volumetric Joule heating and the
surface heat loss, being thereby similar to the microwave heating case. The estimates of the specific
deposited power, electric field strength, and electric conductivity give similar values of these quantities
for the cases of DC/AC and microwave flash sintering.
From the applications standpoint, it should be emphasized that an undeniable advantage of the
microwave flash sintering process is the fact that no electrodes are needed to supply the power to the
articles undergoing sintering. It is also important that in the case of microwave sintering the use of
a relatively simple fast process control system can be instrumental in preventing possible damage
resulting from thermal runaway.
Microwave flash sintering is a novel process that offers significant advantages over conventional
sintering methods in terms of process duration and energy consumption. Its further development
should be aimed at the study of such factors as the properties of powder materials, optimization of
material composition, geometrical limitations (if any) imposed on the configuration of the sintered
products, structural, functional properties, and performance of the materials obtained by microwave
flash sintering.
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Abstract: In this paper, local spark sintering of a ceramic-metal system (SiO2-Sn) during microwave
processing was examinedby means of synchrotron-radiation-computed tomography technology.
From the reconstructed 3-D and cross-section images of the specimen, adensification process was
observed below the melting point of Sn, and then the specimen came into a rapid densification stage.
These results may be due to the local spark sintering induced by the high-frequency alternating
microwave electric fields. As the metallic particles Sn were introduced, the microstructure of
“ceramic-metal” will lead to a non-uniform distribution and micro-focusing effect from electric
fields in some regions (e.g., the neck). This will result in high-intensity electric fields and then induce
rapid spark sintering within the micro-region. However, in the subsequent stage, the densification
rate declined even when the specimen was not dense enough. The explanation for this is that as the
liquid Sn permeated the gaps between SiO2, the specimen became dense and the micro-focusing
effect of electric fields decreased. This may result in the decrease or disappearance of spark sintering.
These results will contribute to the understanding of microwave sintering mechanisms and the
improvement of microwave processing methods.
Keywords: microwave sintering; microstructureevolution; metal; synchrotron radiation
computed tomography
1. Introduction
Over the last decades, microwave sintering has been under constant development for the
rapid preparation of high-performance powder materials, such as ceramics and ceramic matrix
composites [1–5]. Recently, since the first full sintering of metal powders in a microwave field, many
experiments on microwave sintering of various kinds of metals, including ceramic-metal materials,
have been carried out. For example, E. Breval et al. [6] indicated that in the microwave sintering of
WC-Co, there was very little WC particle growth and the specimen possessed six times more resistance
against corrosion and a hardness 1–5 GPa higher than the conventional specimens.
Thus far, much work has been performed to study the mechanisms of microwave sintering. Many
researchers attribute the advantages of microwave sintering to the effect induced byhigh-frequency
alternating microwave fields, such as the enhancement of the diffusion coefficient [7,8], reduction of
activation energy [9,10], micro-focusing effect [11] and the eddy current [12] for ceramics or metals.
However, as for the metal-ceramic materials, due to the role of high-energy microwave fields, as well
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as the heterogeneity and non-uniform distribution of the mixed materials, there might besome special
interaction mechanisms that are different from the microwave sinteringof pure ceramicand metal. For
example, as the WC and Co mixed together, the heating efficiency of WC/Co in the magnetic-field
strangely became lower than both the WC and Co [13]. These results indicate thattheinteraction
mechanisms of themixed systemarenot just a simple superposition of the original mechanisms. These
mechanisms may affect the microstructure and macro-performance of materials. This means it is quite
necessary to explore the sintering mechanisms in the microwave sintering of metal-ceramic materials.
At present, the technology of TEM, SEM, hot-stage microscopes, etc. are usually adopted to
study microwave sintering mechanisms [12,14]. These methods can be usedtocarry out the in situ
analysis of the surface or slice information of a specimen. However, owing to the hightemperature,
microwave radiation and the opacity of materials, it is difficult to realize theinternal and real-time
microstructure evolution observation continuously during microwave processing. The synchrotron
radiation computer tomography (SR-CT) technique is the latest non-destructive testing technology [15]
based on the excellent synchrotron radiation light source (e.g., high intensity, strong penetrability
and good coherence). It can achieve internal and real-time microstructure evolution observation
of materials under extreme conditions (e.g., high temperature, intense radiation). By applying this
technique, the surface and internal microstructure evolution during high-temperature microwave
processing can be directly and continuously observed.
In this paper, the SR-CT technique was adopted toinvestigate the microstructure evolution of
ceramic-metal system (silicon dioxide and tin, SiO2-Sn) during microwave sintering. In theexperiment,
3-D and cross-section images of the same microstructureat differenttimes were obtained, and some
typical sintering phenomena were clearly observed. Also, a densification processwas observed below
the melting point of Sn, and then the specimen came into a rapid densification stage. Particle rotation
and rearrangement was frequently observed. However, in the subsequent stage, the densification rate
declined even when the specimen was not dense enough. The reason may be due to the decrease or
disappearance ofspark sintering. As the liquid Sn permeated the gaps between particles, the specimen
became dense and themicro-focusing effect of microwave electric fields decreased as a result. These
results will contribute to the understanding of the rapid microwavesintering mechanisms of materials
and the improvement of microwave processing methods.
2. Materials and methods
2.1. Materials
In our experiment, chemically pure SiO2 (purity 99.9%, average diameter 150 μm) and Sn (purity
99.8%, average diameter 75 μm) powders were used. Before theexperiment, SiO2-Sn powders (volume
ratio of 1:10) were mixed uniformly in the anhydrous ethanol by the mechanical agitator for 4 h, then
dried in the vacuum drying oven and loosely encapsulated into a closed quartz capillary (height:
10 mm, internal radius: 0.35 mm).
2.2. The SR-CT Experiment during Microwave Processing
The SR-CT experiment on microwave sinteringof SiO2-Sn was carried out on the BL13W1 beam
line at the Shanghai Synchrotron Radiation Facility (SSRF, Shanghai, China). In the experiment, the
specimen was introduced into a specially designed microwave furnace (multimode cavity: 2.45 GHz,
output power: 3 kW). The sintering temperature wasmeasured by a thermo tracer [type TH5104,
range: 10–1500 ˝C, accuracy ˘ 1.0% (full scale)], and the typical temperature profile is shown in
Figure 1.The temperature was compared with and calibrated by the thermocouple. Other goodresearch
on calibration of temperature during the microwave sintering process is available elsewhere [16]. In the
experiment, marking points (Cu particleswith a radius of about 20 μm were affixed on the capillary
surface as marking points) were used to roughly track the same part of the sample, which usually
contains several cross-sections. After finding the same part of the sample at different sintering times,
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one of the cross-sections images (gray images) within this part of the sample can be selected, and then
the related algorithm can be employed to identify this cross-section with other cross-sections of the
sample at different sintering times. Two cross-sections were considered the same cross-sections of this
part of the sample when the correlation coefficient between these two figures reached the largest value.
Figure 1. Typical temperature profile of SiO2-Sn during microwave sintering.
3. Results and Discussion
Figure 2 shows the microstructure evolution of the same 3-D and cross-section of SiO2-Sn
atdifferent sintering times. Grayscale range is from 0 to 255; the closer to 255, the higher the relative
density, which means that white represents particles and black represents pores. In Figure 2B, some
typical particles were marked with numbers and letters (particles in blue color represent Sn, and
red color represents SiO2). From these images, the evolution of the same microstructurecan be
tracked. For example, after microwave processing for some minutes, most of separated particles in
Figure 2B(a) connected with each other and sinteringnecks formed in Figure 2B(b). The pores were
interconnected with each other in Figure 2B(a), while in Figure 2B(d) the shape of pores changed and
became closed and isolated. This means the specimen gradually changed from loose to dense. These
phenomena were in accordance with the sintering theory and can also be observed insolid microwave
sintering (e.g., Al-SiC, [17]). In addition, there were some special sintering phenomena. For example,
the microstructure evolution can be well tracked during solid microwave sintering of Al-SiC [17].
However, in the microwave sintering of SiO2-Sn, the rearrangement and rotation of particles were
more frequent, and it wasvery hard to track the same microstructure during sintering. As we know, in
microwave sintering the heat is derived from the direct interaction between microwave and material.
This means the heating characteristic within the material is inevitably related to the microstructure and
itsmaterial evolution. In order to investigate microwave sintering mechanisms, quantitative analysis
of microstructure evolution parameters is an effective and important method.
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Figure 2. 3-Dand cross-section images of the evolution of the same the same cross-sectionat different
sintering times.
In this section, the statistics of the porosity of specimen in the differenttimes were carried out.
The porosity represents the local bulk percentage of pore in the specimen. It is the averageof several
similar cross-sections. The results are shown in Figure 3A. In the sintering theory, the densification
parameter αis usually adopted to analyze the densification process of sintering. It can be described
as follows,
α “ ρ ´ ρ0
ρ1 ´ ρ0 ˆ 100% (1)
Here, ρ represents true density, and ρ0 and ρ1 representthe density of the green body and
theoretical density, respectively. This means the densification parameter α can be described as
α “ ρ{ρ1 ´ ρ0{ρ1
1 ´ ρ0{ρ1 ˆ 100% “
p1 ´ βq ´ p1 ´ β0q




Here β represents true porosity, and β0 represents the porosity of the green body. Inorder to
study the densification process of SiO2-Sn during microwave sintering, the relationship between α and
sintering time is shown in Figure 3B. In Section 3.1, the densification process and sintering mechanisms
ofthe microstructure evolutionof the specimen will be discussed.
Figure 3. (A) The relationship between porosity and sintering time; and (B) the relationship between
densification parameter and sintering time.
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3.1. Densification below the Melting Point of Sn Induced by Microwave E-Fields
Figure 3B shows the change in α at different sintering times. It can be seen that the densification
rate was very largefrom the 5th to 20th minute, and declined gradually from the 20th to 50th minute.
Moreover, at the beginning, the value of α began to rise from 0 to 7.08 in the first 5 minute. However,
the highest sintering temperature during this period was only 200 ˝C, which was below the melting
point of Sn (231 ˝C). Although the sintering would occur between particles of Sn at this temperature,
the volume ratio of Sn is only 1/11, and most Sn particles were separated by SiO2 particles. How did
the decline of porosity occur?
Figure 3 shows that the main densification began to occurin the first 5 minute. The corresponding
microstructure evolution during this period is shown in Figure 2B(a,b). From these images, the
microstructure evolution can be clearly observed. For example, particle B was separated from particles 2
and 3 at the beginning. However, until the 5th minute, particle B was sintered together with particles 2
and 3. The local amplification images of these particles are shown in Figure 4a similar microstructure
evolution phenomenon was also observed on the other cross-section of the sample. This will inevitably
lead to the densification of specimen.This phenomenon may be induced by the spark sintering.
The explanation is that, as Figure 4b shows, the sintering has happened between particles B, 2 and 3.
This rapid sintering in such a short time and below the melting point of Sn indicates that there was
a lot of heat deposition between particles induced by microwave fields, which then led to the high
temperature within the local connection regions between particles. This highly energy deposition and
high temperature is most likely due to the spark sintering caused by microwave electric fields.
Figure 4. The local amplification images of particles B, C and D in Figure 2B.
As we know, spark sintering is a rapid sintering method viaelectric spark between particles
induced by current. Yet in microwave sintering, the microwave energy is the direct energy source
for the sintering process. This meansspark sintering likely must be closely related to the intensity
distribution of microwave E-fields. In order to further study the reasons for spark sintering, it is
necessary to research the intensity distribution of microwave E-fields within the specimen.
To study the intensity distribution of microwave E-fields, the TE101 mode resonator
(109.2 mm ˆ 54.6 mm ˆ 74 mm) was used. With this resonator, the distribution of microwave electric
fieldwas analysed by using the HFSS finite element analysis software. The TE101 mode resonator
is a single-mode microwave resonator. It sets a 1 and 1 standing wave cycle of the electric fields in
the direction of the x and z axes, respectively, and sets the electric field to be uniform and parallel
to the y axis. In this way, an investigation into the propagation characteristics of microwave E-fields
in a certain direction can be performed by using this resonator. To compare the obtained results
with those obtained experimentally, the microwave frequency is set to 2.45 GHz, and the solution
type is set to driven modal. The ceramic particle of SiO2 with a diameter of 150 μm and metallic
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particle Sn with a diameter of 75 μm is selected as the material model, which is identical to that used
experimentally. Using this model, the E-field distribution between two of the connected particles
was examined. Appropriate relative permittivity and relative magnetic permeability of 9.8 and 1.0,
respectively, are assigned to the ceramic particles of SiO2. The appropriate relative permittivity and
relative magnetic permeability of 1.0 and 1.0, respectively, are assigned to the metallic particle of Sn.
Note that other values can be chosen for these two parameters if other materials are simulated. To
investigate the behaviour of the microwave E-fields independently, the particles were placed in the
region where the E-fields are at a maximum and where the H-fields are almost zero.
In the TE101 rectangular single-mode cavity, an operating frequency of 2.45 GHz will produce a
wavelength around 122.5 mm, and the half wavelength of the standing wave are 109.2mm and 74mm in
the direction of the x and z axes, respectively. Comparing the size of the particles (diameter 0.075 mm)
with the half wavelength of the standing wave, the microwave E-fields in the sample can be considered
to be approximately homogeneous prior to the introduction of the particles. Figure 5 shows the
intensity distribution of microwave E-fields when the particle Sn is located within the sintering neck
of SiO2, which is similar to the case of particles B, C and D located within the sintering neck of SiO2
particles 2 to 6.
(A) (B)
Figure 5. The intensity distribution of microwave E-fields (A) within the contacted particles of SiO2-Sn;
and (B) on the surface of particle Sn.
As can be seen, the E-fields within the micro-region of sintering neck between SiO2 are much larger
than the average fields, which suggests that the E-fields are focused in this micro-region. However, it
can also be seen that the E-fields within the micro-region of the sintering neck between SiO2-Sn are
much larger than even the E-fields between SiO2, which indicates that the focusing effect of E-fields
is much more significantin this local micro-region.In the simulation, we assume that the intensity of
the applied field is 3.30 ˆ 102 v/m. Then it can be determined that the peak E-field between SiO2-Sn
within the neck region is 5.24 ˆ 103 v/m, which is about 15.88 times larger than the applied field. In the
actual sintering, the intensity of the applied field will be very high, so the peak E-field within the neck
region between SiO2-Sn will be much higher. For example, if the average E-field during microwave
sintering is 1 kV/cm (e.g., ZnO [11]), the peak E-fields can be as high as 15.88 kV/cm. Because the
square amplitude of the electric field E2 is directly related to the power density of microwaves [11],
and thus the heating rate, the peak microwave energy is approximately 250 times greater than the
applied microwave energy at the beginning of the sintering process, which may be large enough to
cause microscopic ionization at atmospheric pressure and lead to spark sintering [11,18,19]. Therefore,
although the applied field is not very high and the overall sample temperature is below the melting
point of Sn, the peak E-fields and temperature within the micro-region between SiO2-Sn will be high
enough and induce local spark sintering. As a result, mass diffusion will be increased and the sintering
process will be accelerated as well. This factor may be an important mechanism for rapid preparation
involving microwave sintering.
149
Materials 2016, 9, 132
3.2. Rapid Densification of the Specimen in the Middle Sintering Period
As the sintering process wenton, the sintering temperature increasedrapidly (e.g., by the 10th
minute the temperature reached 1080 ˝C)and thedensification rate became quite large. As shown in
Figure 2B, particles C and D were still separated fromparticles 6 and 4, 5 at the 5th minute. However,
in the 25th minute these particles were sintered together.Thelocal amplification images of particles B,
C and D in Figure 2B are shown in Figure 4.
This phenomenon may also be due to thespark sintering, because there was initially a distance
between particles C and 6, as well as between particles D and 4, 5. As the sintering process wenton,
the particles Sn entered aliquid phase and the sample started to shrink. This may make these particles
contact each other. This means spark sintering may occur, induced by the micro-focusing effect of
microwave E-fields between these particles. This is the same as the case that happened between
particles B and 2, 3 in the first 5 minutes. Besides, as the sintering neck between particles grew larger,
there was still a focusing effect between particles. Figure 6a shows the distribution of microwave
E-fields on the particle surface when the sinteringneck is 0.12 times the average of the radius of Sn
and SiO2 [there was still a pore between the particles of SiO2-Sn and the sintering state is between
the sintering states of Figure 4b,c]. From Figure 6a, it can be seen that there is still a focusing effect
within the micro-region of the sintering neck between SiO2-Sn. Here, the peak E-field between SiO2-Sn
within the neck region is 3.74ˆ103 v/m, which is about 11.33 times larger than the applied field
(3.30ˆ102 v/m).This means that in the actual sintering, the intensity of the peak electric field within
the neck region between SiO2-Sn will be 11.33 times larger than the applied fields, and the peak E2
field is approximately 128 times greater than the applied E2 field, which may also cause microscopic
ionization and lead to spark sintering.
Figure 6. The intensity distribution of microwave E-fields in the particles of SiO2-Sn at different
sintering stages (a) the sintering neck is 0.12 times of the average of the radius of Sn and SiO2; and (b)
the distance between the centers of Sn and SiO2 is 0.75 times of the sum of the radius of Sn and SiO2.
3.3. Decline of Densification Rate when the Specimen Was not Dense Enough
Section 3.1 has discussed the rapid densification process of SiO2-Sn during microwave sintering
from the 5th to 25th minute. However, from the 20th minute, the densification rate declined a lot
(as shown in Figure 3B). This phenomenon also happens in the conventional liquid sintering, and
usually happens when the densification parameter reaches about 75~80 [20]. However, in this study
the densification parameter of the specimen during this period was only 50~65. This means that
there were still considerable pores and the specimen was not dense enough, like the image shown in
Figure 2B(d). There are some reasons for this phenomenon: Firstly,the highest sintering temperature is
about 1150˝C, which is a little lower than the usually sintering temperature of SiO2 (>1200 ˝C). This
means thatin the laterstage, the solid sintering rate between SiO2 particles would be blocked because
of the lower temperature. Secondly, due to the small volume fraction of Sn (10%), as the specimen
became densethe distance between particles decreased at the same time, and the viscous flow of Sn
and particle rearrangement would decline gradually.Besides, the decrease of the distance between
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particles will make the friction between particles increases, which will inhibit the further densification
ofthe specimen. Thirdly, as the specimen became dense, the liquid phase of Sn penetrated the gap
between particles. This will produce a change in microstructure configuration and may result in the
reduction or disappearance of spark sintering. Figure 6b shows the distribution of microwave E-fields
on the particle surface of SiO2-Sn (the distance between the centers of Sn-SiO2 is 0.75 times of the
sum of the radius of Sn and SiO2). This sintering state is between the sintering states of Figure 4b,c.
From this figure, it can be seen that the peak E-field between SiO2 and Sn within the neck region is
1.10 ˆ 103 v/m. This means that the intensity of peak E-fields within the neck region between SiO2
and Sn was only 3.33 times that of the applied fields, and cannot be large enough to cause microscopic
ionization at atmospheric pressure and lead to spark sintering. This meansthe driving force for the
mass diffusion decreased and the sintering process including the densification process declined as
a result. These may be the reasons why the densification rate declined when the specimen was not
dense enough.
4. Conclusions
An in situ investigation on local spark sintering of ceramic-metal system (SiO2-Sn) during
microwave processing was carried out using synchrotron radiation computed tomography technology
(SR-CT).The following conclusions can be drawn:
In the experiment, except for the normal sintering phenomenon, a densification process was
observed below the melting point of Sn, and then the specimen came into a rapid densification stage.
This result may be due to the spark sintering induced by the high-frequency alternating microwave
electric fields.
In the ceramic-metal system (Sn-SiO2), as the metallic particles were introduced, the
microstructure of “ceramic-metal” will lead to a non-uniform distribution and micro-focusing
effectofelectric fields in some regions (e.g., the neck). This will result in high intensity electric fields
and may induce the local rapid spark sintering within micro-region.
In the later sintering stage, as the liquid Sn permeated the gaps between SiO2, the specimen
became dense and the micro-focusing effect ofelectric fields decreased. This may result in the decrease
or disappearance of spark sintering, so the densification rate declined even when the specimen was
not dense enough.
These mechanisms may be the explanation for the microstructure evolution process during
microwave sintering of SiO2-Sn, and may contribute to the understanding of microwave sintering
mechanisms and the improvement of microwave processing methods.
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Abstract: Refractory oxide dispersion strengthened 13Cr-2Mo steel powder was successfully
consolidated to near theoretical density using high voltage electric discharge compaction. Cylindrical
samples with relative density from 90% to 97% and dimensions of 10 mm in diameter and 10–15 mm
in height were obtained. Consolidation conditions such as pressure and voltage were varied in some
ranges to determine the optimal compaction regime. Three different concentrations of yttria were
used to identify its effect on the properties of the samples. It is shown that the utilized ultra-rapid
consolidation process in combination with high transmitted energy allows obtaining high density
compacts, retaining the initial structure with minimal grain growth. The experimental results indicate
some heterogeneity of the structure which may occur in the external layers of the tested samples due
to various thermal and electromagnetic in-processing effects. The choice of the optimal parameters of
the consolidation enables obtaining samples of acceptable quality.
Keywords: field-assisted; powder consolidation; steel; oxide dispersion strengthening
1. Introduction
Refractory materials, which are used in the fast reactor active zone, should meet a number of
special requirements. However, many of the materials currently utilized in fuel claddings and other
components of the reactor active zones do not meet the levels of the required mechanical properties,
radiation, and thermal resistance, especially for the new projects on high-power nuclear reactors.
They should have high thermal resistance at elevated temperatures, low thermal creep, low swelling,
and low properties of degradation under irradiation. Also, they should possess suitable mechanical
properties to withstand the pressure of a heat transfer agent and fuel. Corrosion resistance is also
necessary. Currently, in many cases, special austenitic steels such as 16Cr-15Ni-2Mo steel are used as
the material for cladding tubes for fast nuclear reactor active zones. These steels (with FCC crystal
lattice) have suitable mechanical properties and radiation resistance at elevated temperatures and
high neutron fluence [1,2]. However, in the next generation of fast reactors, for more energy efficiency
the operating temperature will be higher, and the resulting neutron fluence will be higher due to the
increase of the fuel campaign [2–4]. Alternatively, ferritic/martensitic steels with BCC lattice could
be used for these applications because of their higher radiation resistance and, in particular, because
of low swelling in comparison to austenitic steels. Yet these steels have quite high thermal creep at
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elevated temperatures which limits their use in the active zone [2–4]. To improve this parameter, oxide
dispersion strengthening (ODS) of the matrix material by the refractory hard micro- or nanoscale
particles is used. This approach enables obtaining thermal stability of the matrix steel, inhibiting
dislocation movement and, as a result, decreases thermal creep [5–12]. Thereby, ODS steels are a
prospective material for nuclear applications. The development of efficient production routes and
obtaining suitable properties of the produced ODS materials are important modern problems whose
solutions should enable the use of these steels in nuclear reactors. In most cases, ODS steels are
produced via a powder processing route [5–7]; therefore, the mechanical properties of the fabricated
ODS steel components become a major controlling factor.
The present work explores the possibility of a new method for the consolidation of ODS steel
components by employing the high voltage electric discharge compaction technique. It allows
obtaining homogeneous distribution of material components, controlling mechanical and physical
properties of the final product at the stage of manufacturing, and achieving different final shapes
of the product without any intermediate treatment [13–15]. It should be noted that electromagnetic
field-assisted powder consolidation, such as spark plasma sintering, microwave sintering, etc., has great
advantages for the processing of such materials and, in particular, of oxide dispersion-strengthened
steels. The high voltage electric discharge compaction (HVEDC) technology occupies a special place
among the above-mentioned techniques. It has unique operation parameters in comparison with other
electromagnetic field-assisted techniques [16–18].
High voltage electric discharge compaction technology has a number of advantages in comparison
with conventional powder processing techniques such as hot extrusion, hot and cold isostatic pressing,
and others. This method involves the uniaxial pressing of the powder in a non-conducting matrix with
discharging a powerful pulse of electric current through the specimen. Electric energy of a set value is
stored in a block of high-voltage capacitors and pressure is controlled by a pneumatic press.
Such an ultra-rapid process in combination with high transmitted energy allows obtaining high
density compacts, saving the initial structure with minimal grain growth, and avoiding thermally
activated phase transformations. All these parameters are important for the ODS steels compaction
because there is a need to obtain homogeneous distributions of the hard refractory oxide particles
inside the matrix steel powder to prevent their agglomeration and grain growth for better mechanical
properties. Also, this manufacturing technology has the ability of final product net-shaping. Using
various shapes of punches and dies, the freeform products can be manufactured.
2. Materials and Methods
The initial base material for the conducted investigations was ferritic/martensitic 13Cr-2Mo
special reactor steel, with the chemical composition shown in Table 1.
Table 1. Chemical composition of the investigated steel powder.
C Si Mn Cr Ni Mo Nb V
0.10–0.15 <0.6 <0.6 12.0–14.0 <0.3 1.2–1.8 0.25–0.55 0.1–0.3
This material in the form of flakes with the average size of 2–3 mm in length and 200–300 μm in
thickness was obtained by casting the melt onto a rapidly rotated cooled massive disk. These flakes
were pre-milled in a planetary ball mill (MTI LCC, Richmond, CA, USA) for 2 h in air to the state of
a powder with particle sizes of up to 400 μm. This powder was mechanically mixed with different
concentrations of commercial nanoscale Y2O3 powder (“Advanced Powder Technologies” LCC, Tomsk,
Russia) with the average particle size of about 50 nm (Figure 1) and then was mechanically alloyed in a
high-energy planetary ball mill (Fritsch GmbH, Idar-Oberstein, Germany) for 30 h in argon atmosphere.
During mechanical alloying the milling parameters such as rotation speed, time, and
operation/standby intervals were varied in some range to obtain the most homogeneous powder.
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It was determined that the rotation speed and the working period of the mill may cause significant
heating and agglomeration of the powder. Thus, these parameters were optimized to prevent such
negative implications. On the other hand, the influence of the milling time on the particle size was
investigated. The average particle size of the powder starts to reduce significantly at the beginning of
the process and further mechanical alloying does not allow any significant reduction of the average
particle size.




















Figure 1. Particle size distribution of nanoscale Y2O3 powder.
More details on the influence of the milling time on the particle size distribution in this powder
system are provided in Ref. [19]. As a result, the milling time of 30 h at the rotation speed of 200 rpm
and a 2 h/2 h operation/standby cycle were chosen as optimal parameters for mechanical alloying.
The chemical composition of the obtained powders indicates that there are no significant changes of
the yttria concentration or an appearance of any impurities during mechanical alloying (Table 2).
Table 2. Chemical composition of the powder after mechanical alloying with 0.3 wt% of yttria.
Element Fe Si Mn Cr Ni Mo Nb V Y
Concentration, wt% 83.11 0.058 0.43 12.9 0.11 1.4 0.20 0.29 0.31
To obtain the data on the effect of the yttria concentration on the densification and other properties
of the powders, two different concentrations of Y2O3 were added to the powder batches at the stage of
mechanical alloying of 0.3 and 0.7 wt%, and the powder without yttria content was also used in the
comparative analysis.
The particle size analysis (Fritsch GmbH, Idar-Oberstein, Germany) shows that all powder batches
with different yttria content have similar size distributions (Figure 2). The average particle size for all
the batches was about 50 μm.
The high voltage electric discharge compaction was provided by the Impulse-BM device (“Potok”
LCC, Rostov-on-Don, Russia) (Figure 3a) which enables an electric discharge through the specimen
with a voltage of up to 6 kV and a pressure of up to 10 atm. This equipment allows the application of
the voltage of several kilovolts and the pressure of up to several atmospheres to a powder specimen.
Depending on these parameters, a density of the electric current in the powder can be achieved up to
500 kA/cm2. The shape of the passing electric pulse is shown in Figure 3b and the time of the impact
on the powder is up to several hundred milliseconds.
155
Materials 2015, 8, 153–164
Figure 2. Typical particle size distribution of the obtained ODS steel powders.
The consolidation was conducted for all the specimens using similar parameters. The powder was
loaded in a non-conductive ceramic die with a rugged metal collar and Mo conductive electrodes were
used as punches. The consolidation was held in air atmosphere and the initial mass of the powder
filling was 5 g. The initial green density was about 55%. Three different pressure values, 170, 200,
and 270 MPa, and five voltage values, 1.5, 2.0, 4.0, 4.2, and 4.4 kV, were used in the experiments. The
obtained cylindrical samples were 10 mm in diameter and 10 to 15 mm in height.
Figure 3. High voltage compaction principle scheme (a) and shape of the electric pulse (b).
Consolidated samples were mechanically polished and etched by 5 wt% nitric acid-alcohol
mixture. The microstructure of the samples was investigated by means of optical microscopy.
Microhardness data were obtained using a microhardness tester with 100 g loading and 15 s exposure.
To obtain the data on the spatial density distribution inside the specimens’ volume, the processed
samples were cut in layers in the axial direction. The final density was measured using three
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techniques—geometrically, with hydrostatic weighing, and with helium pycnometry. Final density for
all the samples was within the range from 90% to 97.5%.
3. Results and Discussion
Consolidation conditions and properties of the samples are shown in Table 3. It should be noted
that the consolidation regime for two of the samples (B4 and B7) was unstable, leading to the knockout
of the powder though the gap between the punches and the die. The weight of the samples does
not match the weight of the powder filling due to the surface roughness of the punches and the die
whereby a part of the powder can spill out of the die.
It should be noted that HVEDC is a fast and a metastable process associated with high heating
rates, with cooling rates, and with changes of electrical conductivity of the processed medium, and
with other factors. In this regard, unstable regimes of consolidation may occur as indicated by a
rapid increase of the conductivity of the consolidated medium, an avalanche temperature increase,
liquid phase formation, knockout of the powder from the die, and by other effects. These facts should
be taken into account when interpreting the experimental results since they significantly affect the
structural and phase state of the processed material and its physical properties.
Table 3. Conditions of the compaction and properties of the samples.
Sample Y2O3 Content, wt% mf *, g ms *, g P, MPa U, kV Mode ρrel., %
B5 0.0 5.00 4.03 270 1.5 Stable 92.18
B7 0.0 5.00 3.48 200 4.4 Unstable 95.83
B8 0.0 5.00 4.32 200 4.0 Stable 96.09
B3 0.3 5.00 4.27 200 4.2 Stable 97.48
B4 0.3 5.00 4.50 270 4.0 Unstable 96.32
B6 0.3 5.00 4.72 270 2.0 Stable 97.04
B9 0.7 5.00 4.66 170 4.0 Stable 90.30
B10 0.7 5.00 4.83 170 4.2 Stable 93.33
B11 0.7 5.00 4.67 170 4.4 Stable 93.10
Notes: * mf—Mass of the powder filling; ms—Mass of the sintered sample.
First, the samples’ relative density dependence on the density of the electric current was
determined (Figure 4). This approach clarifies how the transmitted electric power affects the
compaction of the powder that allows the selection of optimal consolidation conditions. Since the
electric current density depends on the resistivity of the powder at each moment of time, and it in
turn depends on the pressure, the data was grouped according to the applied pressure. It is shown
that the increasing pressure, in general, leads to the increasing final density. The samples, which were
consolidated at 170 MPa pressure, have lower values of final density in comparison with the ones
obtained at 200 or 270 MPa pressure. Also, the final density dependence on voltage was determined.
An increase of the voltage values from 4.0 to 4.2 kV leads to the increasing relative density, but
an insignificant decrease of the density was determined for the samples consolidated at 4.4 kV in
comparison with the ones consolidated at 4.2 kV. This is valid for the whole range of used pressures.
This effect may be associated with the occurrence of the local inhomogeneity of the electric current
in the interparticle contacts due to which certain areas of the powder volume may include quite
significant porosity. At the same time, samples that were consolidated at low values of the electric
current density demonstrate quite high values of final density. This means that it is possible to obtain
good-quality dense samples using quite low pressure and high voltage values and, at the same time,
using high pressure but low voltage. Therefore, it should be noted that in the case of operating at
low pressures, the conductivity of the powder composition may be insufficient for normal passing of
the electric current. This may lead to an unstable consolidation process due to the high resistivity of
the interparticle contacts resulting in the overheating of these areas, in the emergence of the electric
breakdown between particles, and in the knockout of the powder. On the other hand, operating at high
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pressure values leads to better interparticle contacts and decreasing resistivity values of these contacts.
This, in turn, leads to the lower energy release and heating of the powder which affects the sintering
consolidation mechanism. It is clear that, using high pressures, it is possible to compact samples to
high density values only by cold plastic deformation mechanisms, but strength and hardness of the
produced samples may be insufficient. Also, quite strong die and punches are needed to realize such
a process. Therefore, it is desirable to combine both mentioned mechanisms to obtain an acceptable
product. As a result, 200 MPa and 4.2 kV consolidation conditions were chosen as optimal for the
compaction of the ODS steel powder.































Figure 4. Samples’ relative density dependence on the density of the electric current.
The next step of the investigation was to determine the density and microhardness distribution in
the volume of the samples. To obtain the above-mentioned data, the processed samples were measured
using a microhardness tester (FM-800, Future-Tech, Kawasaki, Japan; 100 g loading for 10 s) in axial
and radial directions with 50 μm steps between each measurement point. Measured values had quite
significant scatter, so the final data were presented in the form of areas. Then the samples were cut in
the axial direction into several layers to determine the spatial density distribution. Figure 5 shows the
axial microhardness distribution of the samples without the yttria addition. Sample B5 (1.5 kV, 270
MPa) demonstrates quite uniform microhardness with insignificant decreasing at the edges and the
average value of 525 HV. Sample B8 was consolidated using a higher voltage of 4.0 kV and a pressure
of 200 MPa. The average microhardness of this sample is about 650 HV, but the edges of the sample
have a higher microhardness in comparison to its center. This effect could be caused by non-uniform
consolidation of the powder. During electric discharge the powder areas located closer to the punches
can densify more intensively due to higher values of plastic deformation in comparison with the
central part [20]. Another reason for this effect may be associated with high heating and cooling rates
of these areas. After the electric discharge the punches rapidly cool the powder in these areas due
to their high thermal conductivity, and a tempered structure may be formed. The microhardness
values of approximately 775 and 675 HV at the edges of the sample correspond to the ones of the
tempered structure. In the case of sample B5, the tempering had not occurred due to an insufficient
discharge power. The consolidation conditions of sample B7 were unstable, which greatly affected
the variation of the microhardness values and which is also observed in the radial microhardness
distribution (Figure 6). It is clear that an unstable consolidation may cause a significant inhomogeneity
of the structure. Other samples show similar microhardness distributions. Increasing hardness of the
edges of the samples in the radial direction in this case may be present due to two factors. One of
158
Materials 2015, 8, 153–164
them is the emergence of the skin-effect in the surface layers of the samples due to the high-frequency
discharge with the frequency of 6–7 kHz. This effect causes an additional heating of these areas and
intensive plastic deformation. Another reason is the forming of the tempered structure due to high
cooling rates in comparison with those of the central areas. In general, the average microhardness
values correlate with the density of the samples: B5 has 92% relative density and B8 has 96%.

























Figure 5. Axial microhardness distribution along samples’ depth without yttria addition.






















Figure 6. Radial microhardness distribution along samples’ depth without yttria addition.
A similar pattern as described above was observed for the next group of the samples (Figures 7
and 8). Samples B4 and B6 have uniform microhardness in the axial direction with the average values of
575 and 475 HV, respectively, but sample B3 has a significant difference in microhardness between the
upper and lower edges which may be caused by a non-uniform pressing of the powder before electric
discharge. Such effects may occur due to the friction of the powder against the walls of the die. The
difference in the density distribution for sample B4 is also associated with an unstable consolidation
regime. Other samples have the average microhardness values of 475 and 500 HV and density values of
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97%. The strengthening effect of nanoparticles is a known phenomenon [21]. However, any significant
dependence of the microhardness on the content of yttria had not been identified because of the rather
small content of the oxide.
























Figure 7. Axial microhardness distribution along samples’ depth with 0.3 wt% of yttria addition.


























Figure 8. Radial microhardness distribution along samples’ depth with 0.3 wt% of yttria addition.
The axial density distribution of the consolidated samples is shown in Figure 9. The experimental
data for the two groups of samples containing 0 wt% (samples B5, B7, B8) and 0.7 wt% of yttria
(samples B10, B11) were obtained. It is clear that there is no stable density uniformity between layers
of the processed samples. Therefore, on average, the difference from layer to layer is from 2% to 3%,
which is not a significant enough value to determine any regular patterns of its distribution. There
is a slight decrease in density for the layer adjacent to the lower punch for several samples due to
the non-uniform pressing conditions before the electric discharge. Despite the fact that the pressing
process is double-sided with a loosely attached die, there is some friction of the powder against the
wall of the die during pressing. This leads to the non-uniform densification of the powder. Also, no
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correlation between density and microhardness distribution was observed. This may be due to the
fact that different factors independently affect the microhardness and the density of the samples. The
factors affecting microhardness may depend not only on the density but also on the phase composition,
on the presence of impurities or defects, and on other factors.
Figure 9. Axial density distribution along depth of the samples.
Microstructure analyses of the consolidated samples were held to determine structure dependence
on various factors of the compaction process such as applied pressure and cooling rate after electric
discharge. The central area and the periphery of the samples were studied. Figure 10a shows a
typical microstructure of the consolidated compacts in the center of the sample. It can be seen that the
structure consists of some light color formations which may include agglomerated powder particles
with a dark color fine structure between them. The size of the observed agglomerates is 20–50 μm
along the minor axis and 100–200 μm along the major axis. The agglomerates are predominantly
orientated in the direction perpendicular to the compaction axis of the sample, i.e., they are flattened
under pressure during the consolidation process. Figure 10b shows the microstructure at the edge of
the sample. It is clear that the porous area reaches the depth of 100–150 μm and then a fairly dense
structure is observed.
Figure 10. Microstructure of the center (a) and edge (b) of the consolidated samples.
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Figures 11 and 12 indicate microstructure differences between various areas of the samples’
volume (center, edge, and side surface). A more detailed examination of the samples’ surface allows
distinguishing the grain structure and the presence of pores (Figure 11a,b). These pores are substantially
elongated and located along grain boundaries. A non-typical structure was also observed primarily at
the edge of the samples. Figure 12a shows a porous structure at the edge of the sample adjacent to
the punches. Due to the rapid cooling the martensitic structure is formed in these areas. A different
structure was observed at the edge of the sample adjacent to the side surface (Figure 12b). It is a mixture
of ferrite and perlite with a distance between the perlite plates of around 1–2 μm. This structure could
be formed as a result of intensive cooling of the side surface of the sample, but not as rapidly as in the
case shown in Figure 12a.
Figure 11. Microstructure of the center area (a,b) of the consolidated samples.
Figure 12. Microstructure of the edge (a) and side surface (b) of the consolidated samples.
4. Conclusions
Oxide dispersion-strengthened 13Cr-2Mo steel powder was successfully consolidated to
near-theoretical density using high voltage electric discharge compaction. Cylindrical samples with
relative density from 90% to 97% and dimensions of 10 mm in diameter and 10–15 mm in height
were obtained.
It was found that high pressures lead to better interparticle contacts and to the decreasing
resistivity of these contacts. This, in turn, leads to the lower energy release and heating of the powder
which affects the sintering consolidation mechanism. It is clear that, using high pressures, it is possible
to compact samples to high density values only by cold plastic deformation mechanisms; however, the
strength and hardness of such samples may be insufficient. Therefore, it is necessary to combine both
mentioned mechanisms to obtain an acceptable product. As a result, 200 MPa and 4.2 kV consolidation
conditions were chosen as optimal for the compaction of ODS steel powder.
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A slight increase of the microhardness at the edges of the samples in the axial and radial directions
was observed. During electric discharge, the powder areas located in the vicinity of the punches can
densify more intensively due to a higher degree of plastic deformation in comparison with the central
parts of the processed specimens. Another reason for this effect may be associated with the high
heating and cooling rates of these areas.
No correlation between density and microhardness distribution in the volume of the processed
samples was observed. This may be due to the fact that different factors independently affect the
microhardness and density of the samples.
It was shown that the edges of the samples adjacent to the punches have a martensitic structure
due to rapid cooling in these areas. A different structure was observed at the edges adjacent to the
side surface of the processed samples. It is a mixture of ferrite and perlite with a distance between the
perlite plates of around 1–2 μm. This structure could be formed as a result of the intensive cooling of
the side surface of the samples, but not as rapidly as in the locations of the martensitic phase.
In general, high voltage compaction is an acceptable method for the consolidation of ODS steels.
This ultra-rapid process allows obtaining high density compacts, retaining the initial structure with
minimal grain growth, and avoiding thermally activated phase transformations. Nevertheless, some
heterogeneity of the structure may occur in the boundary layers of the processed samples due to
thermal and electromagnetic effects. Therefore, the choice of the optimal parameters of consolidation
is required for obtaining samples of acceptable quality.
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Abstract: Sintering of nanosilver paste has been extensively studied as a lead-free die-attach solution
for bonding semiconductor power chips, such as the power insulated gated bipolar transistor (IGBT).
However, for the traditional method of bonding IGBT chips, an external pressure of a few MPa is
reported necessary for the sintering time of ~1 h. In order to shorten the processing duration time,
we developed a rapid way to sinter nanosilver paste for bonding IGBT chips in less than 5 min using
pulsed current. In this way, we firstly dried as-printed paste at about 100 ˝C to get rid of many
volatile solvents because they may result in defects or voids during the out-gassing from the paste.
Then, the pre-dried paste was further heated by pulse current ranging from 1.2 kA to 2.4 kA for
several seconds. The whole procedure was less than 3 min and did not require any gas protection.
We could obtain robust sintered joint with shear strength of 30–35 MPa for bonding 1200-V, 25-A IGBT
and superior thermal properties. Static and dynamic electrical performance of the as-bonded IGBT
assemblies was also characterized to verify the feasibility of this rapid sintering method. The results
indicate that the electrical performance is comparable or even partially better than that of commercial
IGBT modules. The microstructure evolution of the rapid sintered joints was also studied by scanning
electron microscopy (SEM). This work may benefit the wide usage of nanosilver paste for rapid
bonding IGBT chips in the future.
Keywords: nanosilver; die-attach; current-assisted sintering; rapid joining; characterization
1. Introduction
Insulated gated bipolar transistors (IGBTs) have become important Device for power systems
applications such as high-voltage direct current transmission, lamp circuit and variable speed drives,
and traction [1,2]. The requirements in size, weight, reliability, durability, ambient temperature, and
environment are driving the operation temperatures of power electronics higher than 200 ˝C [3]. It is
known that materials and packaging technologies play more and more important roles in the field
of power electronic packaging. In order to reduce the junction temperature of silicon-based IGBT
modules, more and more attention has been paid to packaging technologies and materials [4].
In order to avoid the effects of lead, people proposed many lead-free solders, i.e., Ag-Sn or Au-Sn
solder [5,6]. Although these modules can work at the high temperature of 200 ˝C, the short lifetime or
high cost still restrict their application. More and more attention has been paid to using nanosilver
paste in power electronic industry, especially for high temperature applications [7–10]. Compared with
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traditional lead-tin and lead-free solder, which are widely used as the die-attach materials for power
electronics, low-temperature sintering of nanosilver paste has become a promising lead-free chip
joining method. This is attributed to its superior thermal conductivity, electrical conductivity, and
reliability because of its high melting point (960 ˝C) [11,12]. Bai et al. [13] have demonstrated that the
fabrication of high temperature devices using nanosilver paste presented superior characteristics over
solder joints, including better electrical, thermal and mechanical properties. Ogura et al. [14] found
that diode packages made with sintered silver interconnects had electrical and thermal properties
equal to those with lead-soldered interconnects.
However, the conventional way to sinter nanosilver requires either a relatively long processing
time (up to one hour) under zero pressure or hot pressing, during which the parts are under uniaxial
stresses of several megapascals for tens of seconds to a few minutes at the sintering temperature [15–17].
Moreover, this time-consuming process may also cause excessive grain growth [18], which may
decrease the mechanical properties of sintered nanosilver and then limit its applications.
A number of novel sintering methods, such as microwave sintering [19], selective laser
sintering [20], and electric-current-assisted sintering [21–24], have been put forward to improve
the efficiency and properties of sintered materials. Microwave sintering [19] and selective
laser sintering [20] are usually used to sinter metals/metal matrix composites and ceramics,
while electric-current-assisted sintering can be used for joining materials with high mechanical
performance [23]. Recently, a concept of rapid sintering of nanosilver paste using pulsed current
for joining, e.g., bus-bar interconnection, has been studied [23]. It has received attention in recent years
because of many advantages: extremely high heating rate, 100~1300 ˝C/s, which could help to bypass
the low temperature regime and avoid the aggregation of the nanoparticles; short sintering time,
which is a benefit for improving the efficiency; and almost no grain growth, which could lead to the
enhancement of mechanical properties of sintered nanosilver. Allen et al. [25] used electrical current
assisted sintering (ECAS) to sinter nanosilver on temperature-sensitive photopaper. The conductivity
of the sintered nanosilver reached as high as 3.7 ˆ 107 S¨ m´1. Mei et al. [23] used ECAS to bond
copper plates by sintering of nanosilver in less than one second and the sintered joints show high
shear strength, i.e., 40 MPa. Extremely high heating rates also make it possible to sinter nanoparticles
with insignificant grain growth [26], leading to fine grains, i.e., 300 nm on average, and superior
mechanical properties.
Although we had bonded copper plates successfully using the alternative current (AC) by
sintering of nanosilver paste before [23] and the properties of the sintered nanosilver by electrical
current are good, we only used it for bonding copper plates as bus-bar interconnection. Unfortunately,
combination of AC of more than 6.0 kA and pressure of more than 10 MPa had to be used to get a
robust sintered nanosilver joint in our previous work. It is doubted whether the method could be
used for attaching power chip because the semiconductor chips are not conductive and could not
take such high current. The objective is to bond IGBT chips with a substrate by sintering nanosilver
paste using electrical current and characterize its mechanical, thermal, microstructural, and electrical
properties. In this paper, we have bonded IGBT chips successfully with copper plates electroplated
with silver rapidly by sintering of nanosilver paste at low current, i.e., 2.0 kA, and low pressure i.e.,
1 MPa. This rapid joining method can be used to form robust die attachment by avoiding excessive
current breakthrough power semiconductor chip.
2. Materials and Methods
Figure 1 shows a TEM micrograph of silver nanoparticles in the paste used in this study.
The composition of the paste is present in our previous work [23]. These nanoparticles have a
wide particle size distribution from 20 to 140 nm. The average size is 50 nm. The nanosilver paste was
prepared by mixing selected organics, surfactants, and binders with silver nanoparticles. The organics
can prevent aggregation or agglomeration of the silver nanoparticles at low temperatures, e.g., below
200 ˝C. Once the temperature is increased higher, most of the organics will be burned out. Then,
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the silver nanoparticles can experience favorable densification by grain boundary diffusion [27].
Evident silver-silver necks could be formed among these particles uniformly.
 
Figure 1. A transmission electron microscopic image of silver nanoparticles.
The substrate used for attaching IGBT chips is made of copper with 5 μm silver coating on the
surface. The dimension of the substrate is 23 mm ˆ 15 mm ˆ 1.5 mm. Before printing nanosilver
paste, the substrate should be cleaned ultrasonically in alcohol for 30 min. Then a square layer
of nanosilver paste (8 mm ˆ 6 mm ˆ 0.09 mm) was stencil-printed on the substrate. An IGBT
die (6.5 mm ˆ 4.87 mm ˆ 0.12 mm, 1200 V, 25 A, SIGC32T120R3LE) was picked and placed on the
as-printed paste. The specimens were first pre-dried on a heating plate for 0 to 30 min after slowly
heating from room temperature to the pre-dried temperature at a heat rate of 5 ˝C/min in order to
remove most of the solvents in the paste. Then the pre-dried specimen was sintered using pulsed
current for several seconds, i.e., 90 s, 120 s, 150 s, and 180 s, under a low pressure. The schematic
diagram of the current sintering process is shown in Figure 2. The power source is able to provide
both pulsed and continuous electric current up to 10 kA. A self-design fixture was used to position
the pre-dried specimen. A piece of SiC was used here as an insulation to avoid current flowing
elsewhere and reduce the heat dissipation to the base. We used SiC in this work because the SiC is
rigid and insulative enough with relatively low thermal conductivity. The temperature distribution of
the as-printed nanosilver paste during sintering was measured by an infrared radiation camera, which
was placed in front of the sintering equipment. A clear image of the temperature distribution contour
of the nanosilver joints could be achieved by adjusting the focal length and the height of the tripod.
A typical as-sintered specimen is also shown in Figure 2. The specimen was sintered in air under the
combined condition of the sintered current of 2.0 kA, the current-on time of 150 s, and the assisted
pressure was 1 MPa.
Figure 2. Schematic diagram of pulse-current-assisted sintering process.
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It is critical to monitor the temperature profile of the sintering process in order to get robust
as-sintered nanosilver joints. However, it is inconvenient to measure the temperature profile by
conventional ways, e.g., thermal couple, because the thermal couple should be mounted on the surface
of region-of-interests (ROI) and could only measure the temperature locally. An infrared radiation (IR)
camera (Guangzhou SAT Infrared Technology Co., Ltd., SAT G90, Guangzhou, China) was adopted to
measure the temperature distribution and evolution of the rapid current-assisted sintering process.
The accuracy of the results by the IR camera should be highly dependent on the determination of
emissivity. As a result, the reference channel method [28] was used to obtain accurately the emissivity
of the average temperature of the nanosilver layer and surrounding area (ROI). A specific thermal
stable black paint (Botny, 550 ˝C High temperature paint, Guangzhou, China) with the constant
emissivity, i.e., 0.95, was used to cover the ROI of the pre-dried specimen. It is difficult to measure the
temperature profile of the nanosilver layer, because evaporation of the solvent along with burnout of
most of the organics in the paste, and densification of the silver particles during the sintering process
will cause shrinking of the thickness of the nanosilver layer [29].
Figure 3 shows the cross section of the sintered joint without introducing fixing pressure. There is a
significant gap between the IGBT chip and the sintered nanosilver. It is likely that the rapid temperature
ramping by the electrical current heating caused the abrupt outgassing of the organics in the paste.
Significant force was induced by the abrupt outgassing of the organics and could drive the IGBT
chip away from the paste. As a result, the gap could be generated at the interface between the IGBT
chip and the paste in this case. The gap should hinder the further atomic migration of silver during
sintering to generate robust joint. In order to get rid of the unexpected gap, a fixture was designed to
provide ~1 MPa pressure on the chip in this work.
Figure 3. Scanning electron microscopic images of cross section of sintered silver joint without pressure.
The electrical properties of the as-sintered IGBT assemblies, i.e., switching on/off performance,
were characterized by double pulse testing [30] in order to verify the feasibility of the rapid sintering
method for bonding power chips. Figure 4a shows the circuit of the double pulse testing schematically.
Figure 4b show the electrical connects of the double pulse testing.
Gain/particle size of the sintered nanosilver was also measured to correlate with the sintering
process. The most widely used method of average grain/particle size measurement is the mean lineal
intercept. In order to prepare samples for the measurement, the fracture surface of sintered nanosilver
was dipped for 4 s in an etching solution of 30 vol % ammonia (NH4OH), 43 vol % hydrogen peroxide
(H2O2), and 27 vol % distilled water (H2O), and then washed by distilled water. The microstructures
of etched fracture were observed by SEM to reveal the particle size. The etched fracture surface was
analyzed at different regions at least three times by SEM. According to ASTM E112-96, the mean lineal
intercept length is the average length of a line segment that crosses a sufficiently large number of
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grains. It is proportional to the equivalent diameter of a spherical grain. The mean lineal intercept
length is determined by laying a number of randomly placed test lines on the image and counting the





where NL is the number of intercepts per total length of the test lines LT; P is the total number of grain
boundary intersections and M is the magnification. All grains/particles in each SEM pictures were
measured with a plurality of lines to obtain the average size in this work.
(a) (b) 
Figure 4. (a) Schematic diagram of a circuit; (b) a picture of electrical connects of the double
pulse testing.
A summary of sintering conditions using electrical current is listed in Table 1. At least three
samples were prepared for each condition. The effects of electrical current, current-on time, pre-drying
temperature, and pre-drying time on robustness of the sintered IGBT assemblies were evaluated in
this work.
Table 1. Summary of sintering conditions using pulsed electrical current.
Condition No. Current (kA) Current-on Time (s) Pre-Drying Temperature (˝C) Pre-Drying Time (min)
1 1.2 150 90 20
2 1.6 150 90 20
3 2.0 150 90 20
4 2.4 150 90 20
5 2.0 90 90 20
6 2.0 120 90 20
7 2.0 180 90 20
8 2.0 150 60 20
9 2.0 150 120 20
10 2.0 150 150 20
11 2.0 150 90 0
12 2.0 150 90 10
13 2.0 150 90 30
Thermal properties of these sintered samples were measured by thermal gravimetric (TG) in air
at different final temperature and time with the heating rate of 5 ˝C/min.
A die-shear tester (XTZTEC Condor 150) was used to measure the shear strength of the as-sintered
specimens at a displacement rate of 4 ˆ 10´4 m/s. The thermal resistance of the IGBT assembly
using nanosilver paste was characterized by a self-developed thermal impedance measurement
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system [31]. The fracture surface and the cross-section of the joint were analyzed by scanning electron
microscopy (SEM).
The void ratio of the joint was measured by X-ray computed micro-tomography (μ-CT). To identify
the void regions from the CT images, an appropriate threshold should be determined. Regions with
pixels below this threshold are treated as voids. The details of the methods can be found in the
references [32–34]. Since the minimum void size that can be detected by the X-ray tomography is
10 μm, we defined a void in this work as defects that are larger than 10 μm. Comparison of the
microstructures and the voids of all the sintered joints were discussed to clarify the relationship among
processing, performance, and microstructures.
3. Results
3.1. Temperature Profile
Figure 5a shows the temperature variation of joint during the sintering process under the current
of 2.0 kA with different current-on time, i.e., 90 s, 120 s, 150 s, and 180 s. The temperature of the joint
rises rapidly at the beginning of the process, i.e., 25 s, with a heating rate of >20 ˝C/s because of
massive instant Joule heat. The heating rate is constant before the peak temperature reaches ~450 ˝C
regardless of the current-on time. Figure 5b shows that the peak temperature could reach almost 550 ˝C
once the sintering current is 2.4 kA. It is concluded that the heating rate and the peak temperature are
only dependent on the sintering current and independent of the current-on time.
Figure 5. Temperature profile of nanosilver joints sintered at different: (a) current-on time;
(b) sintering current.
3.2. Die-Shear Strength and Thermal Resistance
Die-shear strength is one of key factors affecting the mechanical performance and reliability of
die attachment [35]. We had realized robust sintered joint for bonding copper plates, i.e., 25 mm2,
by current-assisted sintering of nanosilver paste [7]. It is essential to achieve die-shear strength
as high as the conventional solders, hot-pressing sintered nanosilver, i.e., 30 MPa. Furthermore,
the thermal property of the IGBT assembly is also important to guarantee the production consistency
and reliability, especially for high temperature and high power applications. An improved transient
thermal impedance (Zth) measurement system was self-developed [31], using the electrical method
with Vge of the IGBT as a temperature-sensitive parameter.
The heat of the sintering process is joule heat which is generated when current flows through the
substrate, and it can be expressed as Q = I2Rt. The sintering current and current-on time have great
influence on the temperature. Figure 6a shows that the average thermal resistance and shear strength
of the IGBT assemblies is strongly dependent on the sintering current and current-on time.
The average thermal resistance of the sintered samples decreases as the current-on time increases.
At the same time, the average thermal resistance decreases with increasing the sintering current from
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1.2 kA to 2.0 kA. When increasing the sintering current from 2.0 kA to 2.4 kA, however, the average
thermal resistance increases slightly. The shear strength of the IGBT assemblies increases as the
sintering current and the current-on time increases. The die-shear strength is only ~12 MPa once the
current is 1.2 kA and the current-on time is 150 s. In this case, the thermal resistance of the IGBT
assembly could be as large as ~0.5 ˝C/W. Furthermore, the die-shear strength is less than 10 MPa, even
when the current increases to 2.0 kA with the current-on time of 90 s. It is likely that the organics could
not be burnt out adequately and densification of the silver particles is insufficient once the sintering
current or the current-on time is at low levels [23]. If a large amount of organics remained in the
paste, strong bonds could not form because the residual organics may hinder atomic inter-diffusion
of the silver particles and heat conduction [36,37]. Consequently, the larger sintering current and the
longer current-on time could accelerate volatilization, decomposition, or ablation of the organics [7].
Inter-granular diffusion happens between silver particles at high temperatures and the higher current
magnitude accelerates the diffusion of silver atoms as well as density. A large amount of heat and local
high temperature increase the rate of diffusion of silver atoms and then benefit forming a clear neck
between particles, which is consistent with Akada et al. [36].
Figure 6. Shear strength and thermal resistance of nanosilver joints sintered: (a) at different current
(current-on time of 150 s, pre-drying temperature of 90 ˝C, and pre-drying time of 20 min), at different
current-on time (sintering current of 2.0 kA, pre-drying temperature of 90 ˝C, and pre-drying time of
20 min); (b) at different pre-drying temperature (current-on time of 150 s, sintering current of 2.0 kA,
and pre-drying time of 20 min), at different pre-drying time (current-on time of 150 s, sintering current
of 2.0 kA, and pre-drying temperature of 90 ˝C).
The larger sintering current also resulted in the larger heating rate, which should be beneficial to
reduce non-densification diffusions, i.e., surface diffusion, by bypassing the low-temperature regime
instantaneously [36]. The non-densification diffusion is able to consume the driving force for further
densification diffusion because the driving force for sintering of nanosilver paste is the tendency to
reduce the free energy of the Ag nanoparticles, accomplished by material transport from high energy
site to lower one.
Moreover, the extremely large heating rate is prone to form a large amount of twins, which
increases the thermal conductivity of the sintered nanosilver [38]. Therefore, the die-shear strength of
the IGBT assembly could reach as high as ~35 MPa and the thermal resistance could reduce to only
0.06 ˝C/W in the condition of 2.0 kA and 150 s.
Figure 6b shows that the effect of pre-drying temperature and pre-drying time on the average
die-shear strength and the thermal resistance of the sintered silver joints. It can be seen that
the die-shear strength increases and the thermal resistance decreases with increasing pre-drying
temperature from 60 ˝C to 90 ˝C. However, when increasing the pre-drying temperature from 90 ˝C to
150 ˝C, the die-shear strength decreases and the thermal resistance increases. The thermal resistance
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was 0.52 ˝C/W, 0.25 ˝C/W, 0.07 ˝C/W, and 0.12 ˝C/W under the pre-drying time of 0 min, 10 min,
20 min, and 30 min, respectively. The die-shear strength increases with increasing pre-drying time.
It is likely that a large amount of organics was burned out once the temperature reached 90 ˝C or even
higher because a significant weight loss at ~90 ˝C, as shown in Figure 7b. Therefore, the pre-dried
nanosilver paste became too dry to be deformed and wet due to the burning out of the large amount
of the organics when the pre-drying temperature increased from 90 ˝C to 150 ˝C. Many defects or air
gaps might be present in the interface between the over-dried nanosilver paste and the power chip and
hinder further atomic diffusion of silver particles that is the bonding mechanism of sintering of the
nanosilver paste although the fixing pressure is helpful to reduce the air gaps at the interface to some
extents. The die-shear strength and the thermal properties reduced consequently. The fixing pressure
of 1 MPa is too small to avoid most of the defects and the air gaps if the pre-dried paste is too dry and
not deformable. It is also not recommended to increase the fixing pressure to a much higher value, e.g.,
10 MPa, because there is a risk damaging the chips under such high pressure. It is concluded that the
pre-dried temperature is critical to the bonding quality of the sintered nanosilver paste using electrical
current and should not be higher than ~90 ˝C based on the TG results.
Figure 7. Thermal gravimetric trace of nanosilver paste: (a) heated to 90 ˝C for different durations;
(b) heated to different temperatures for 20 min at a rate of 5 ˝C/min.
In order to determine the appropriate pre-drying conditions, thermal properties of these sintered
samples were measured by thermal gravimetric (TG) in ambient atmosphere with different pre-drying
temperature and different pre-drying time at the heating rate of 5 ˝C/min. The results are shown in
Figure 7. Figure 7a shows that with the increase of pre-drying time the more mass loses of the paste.
The mass reduction of the paste with a pre-drying time of 30 min is only 0.7 wt % more than that of
the paste with a pre-drying time of 20 min at 90 ˝C. It indicates that there is no need to prolong the
pre-drying time to more than 20 min. The conclusion is also supported by the results of die-shear
strength and thermal resistance, as shown in Figure 6b.
Figure 7b shows that the mass reduction of the paste is less than 1%, ~5.8%, ~11.2%, and ~15.3%
when pre-drying at 60 ˝C, 90 ˝C, 120 ˝C, and 150 ˝C for 20 min, respectively. It should be noted that it
takes several minutes to heat the paste to the pre-dried temperatures before the temperature remains
constant for 20 min. For example, in the case of 90 ˝C for 20 min as shown in the red line of Figure 7b,
it takes 13 min to heat the paste from ambient temperature to 90 ˝C. As a result, the process lasts 33 min
in total. It is also worth noting that the mass reduction of the paste increases to 11.2 wt % and 15.3 wt %
once the pre-dried temperature increases to 120 ˝C and 150 ˝C, respectively. Such great reduction was
due to the evaporation of more organics in the paste and likely led to the defects or delamination at
the interfaces among the IGBT, the paste, and the substrate. It is suggested that the evaporation of the
organics should be controlled as ~6 wt % in order to improve the joint quality. The conclusion is also
supported by the results of die-shear strength and thermal resistance, as shown in Figure 6b.
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3.3. Electrical Properties
In order to verify feasibility of this pulse-current-assisted-sintering method for bonding
IGBTs, it is essential to study static and dynamic characteristics of the IGBT assembly by the
pulse-current-assisted-sintering method. The experimental study herein is based on Infineon
IGBT chips SIGC32T120R3LE. The chip parameters can be found in details in the datasheet [39].
The switching on and off behavior was characterized by a double-pulse testing method [40]. Both the
turn-on and the turn-off gate resistance are 20 Ω. The inductive load during the measurement is
set as 200 nH. The collector voltage, gate voltage, and collector current flowing through the IGBTs
were measured by an oscilloscope with high-voltage probes. The measured static and dynamic
results are compared with the ones of the datasheet, as listed in Table 2. The switching on and off
behavior including the collector voltage Vce, the collector current Ice, and the gate voltage Vge of
the IGBT assembly by the rapid sintering of nanosilver paste is presented in Figure 8 (turn-on) and
Figure 9 (turn-off).
Figure 8. Turn-on behavior of an IGBT at VDC = 600 V, IC = 25 A, and T = 25 ˝C. (Vce 100 V/div,
Ice 20 A/div, Vge 5 V/div, and time 0.25 μs/div.)
 
Figure 9. Turn-off behavior of an IGBT at VDC = 600 kV, Ic = 25 A, and T = 25 ˝C. (Vce 100 V/div,
Ice 20 A/div, Vge 5 V/div, and time 0.25 μs/div.)





Ices (uA) Vce(sat) (V) td(on) (ns) tr (ns) Eon (mJ) td(off) (ns) tf (ns) Eoff (mJ)
Measured results 0.02 1.73 62 14 1.11 336 114 1.44
Datasheet Max. 3.48 Typ. 1.70 Typ. 90 Typ. 30 Typ. 2.4 Typ. 420 Typ. 70 Typ. 1.8
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It is evident that both the measured Ices and Vce(sat) are comparable or even better than the typical
values of commercial Device, indicating that the IGBT assembly by the pulse-current-assisted-sintering
method is practicable. The IGBTs were not damaged due to such high heating current as others
may concern.
The switching on time is defined as the sum of turn-on delay time, td(on), and rising time, tr.
The switching off time is defined as the sum of turn-off delay time, td(off), and falling time, tf.
The switching on and off time are 76 ns and 450 ns, respectively. This is consistent with the fact
that the switching off time is usually at level of several nanoseconds and an order of magnitude higher
than the switching on time [41].
Moreover, the total IGBT loss is defined as the sum of IGBT turn-on and turn-off losses. For the
switching loss evaluation of the IGBT assembly, a total collector current of 25 A is applied. It is worth
noting that the overshoot of the collector voltage is less than 50 V during switching on. However, there
is a significant overshoot in the collector current. The maximum collector current during switching
off could reach up to ~75 A, which is two times higher than the rated collector current. It was likely
that the DBC substrate of the IGBT assembly had been oxidized locally, especially the positions
close to the heating electrodes, due to such high heat current. The generated copper oxide should
increase the resistance because the electrical resistivity of the copper oxide is much larger than those
of both copper and silver. The skin effect of the copper metallization, which could be expressed as
δ = [ρ/(π ˆ μ ˆ f)]1/2, becomes significant at high frequency. In the above equation, δ is skin depth; ρ is
electrical resistivity; μ is permeability; and f is operating frequency. As a result, the skin depth should
increase as well as the parasitic inductance once the electrical resistivity increases. Then the variation
in parasitic inductance led to the overshoot in the collector current of the IGBT assembly during
switching off. The turn-on and turn-off loss are 1.11 mJ and 1.44 mJ, respectively. Unfortunately, there
is no typical value of the switching characteristics in the datasheet because switching characteristics is
depending strongly on module design and mounting technology and can therefore not be specified
for a bare die. Thus, we compared our results with the typical values of a commercial IGBT module
(MMG25H120XB6TN, MacMic Co., Ltd., Changzhou, China) [42].
4. Discussion
4.1. Fracture Surface
The fracture microstructures of the sintered nanosilver joint at different sintering conditions were
investigated by SEM, as shown in Figure 10. Figure 10a shows that the higher the current, the more
significant the elongated shape on the fracture surface of the specimen. When the current is less
than 2.0 kA, there is no elongated dimple that can be interpreted. It was reported previously that
obvious plastic deformation should appear on fracture surface of the sintered nanosilver joint with
relatively high shear strength [43]. The fracture failure is a kind of cohesive failure rather than adhesive
failure. Then, the shear strength of the sintered nanosilver joint is close to that of soldering joints, e.g.,
PbSn, AuGe12, and ZnAl5, and pressure assisted sintered joint, i.e., >30 MPa [43,44]. The elongated
dimples mean the larger fracture deformation or fracture strain of the sintered nanosilver. If significant
elongated dimples are present, the shear strength of the sintered nanosilver could reach at least
30 MPa [23]. The fracture surfaces of the IGBT assemblies that were sintered with different current-on
time under the same current of 2.0 kA are shown in Figure 10b. Almost no elongated dimple and
plastic flow can be observed in the cases of 90 s and 120 s. Therefore, we considered low shear strength
could be used to explain “no elongated dimple”. However, significant plastic deformation can be
found in the case of 150 s and 180 s. The shear strength of sintered joints with the current-on time of
150 s and 180 s could, therefore, reach 33.2 MPa and 38.1 MPa, respectively.
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Figure 10. Comparison of microstructures of fracture surface of specimens sintered: (a) at different
currents (current-on time of 150 s); (b) at different current-on times (sintering current of 2.0 kA).
4.2. Void Distribution
Void ratio is also a critical factor that affects die-shear strength and thermal properties
of the joints [32]. X-ray micro-tomography (μ-CT), which could identify the void distribution
nondestructively based on the criterion of contrast gradient [39], was used to explore the voids
in the sintered nanosilver joints of the IGBT assemblies with different sintering current. The right
regions as shown in the Figure 11 represent voids or defects in the sintered joints. The area ratio of
the right regions could be calculated as the void ratio [33]. More heat could be accumulated at the
voids area and then caused the higher junction temperature [34]. During the sintering process initial
voids can be transformed into the void with the volatilization of organic matter. Figure 11 shows
the microstructures of the sintered nanosilver joint using different sintering current by μ-CT. It can
be seen that with an increase of the current, the voids of the joint decreased. Probably because with
the temperature increase organic matter has been completely volatile, grain boundary diffusion and
lattice diffusion occurred under high temperature to achieve rapid densification of solder paste and the
densification process leads to a decrease in the number of voids. Therefore, the density of the sintered
joints was enhanced by increasing the current for sintering. It is likely that voids, which could impact
the thermal properties of the die attachment greatly [45], are easily formed in the sintered joint and at
the interface between the IGBT and the die attachment during the rapid sintering process [36].
 
Figure 11. X-ray computed micro-tomography of specimens sintered at: (a) 1.2 kA; (b) 1.6 kA; (c) 2.0 kA;
(d) 2.4 kA.
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4.3. Cross Sections
Figure 12 shows SEM images of cross sections of the sintered silver joints. The as-sintered bondline
thickness of the joint increased when prolonging the pre-dried time at the same sintering current of
2.0 kA. It is proven that the as-dried paste at 90 ˝C for both 0 min and 10 min is too soft to take the
fixing pressure, so that the paste could be squeezed out greatly and the as-sintered bondline thickness
reduced to 13 μm and 21 μm non-uniformly, respectively. It is reasonable that the die-shear strength
of the joints with the pre-dried time of 0 min and 10 min is less than 10 MPa. Once the pre-drying
time was prolonged to more than 20 min, the as-sintered joints have dense and uniform bondlines
and the as-dried paste could be squeezed out. The as-printed paste is 90 μm thick compared with
the as-sintered bondline of less than 30 μm. The bondline shrinkage was due to the densification of
silver nanoparticles. However, pressure-assisted sintered nanosilver is usually shrunk to half of the
as-printed bondline thickness [46]. The great shrinkage of the sintering paste using electrical current
indicates much higher driving force for the densification of the silver nanoparticles compared with that
of conventional hot-pressing sintering of nanosilver paste since the processing time is much shorter
this way.
 
Figure 12. As-sintered bondline thickness of sintered nanosilver with different pre-dried time of:
(a) 0 min; (b) 10 min; (c) 20 min; (d) 30 min.
The thermal performance and reliability of die attachment greatly depend on the joint density.
Enough current-on time is critical to the formation of good bonds at the interfaces between the sintered
silver joint and die/substrate [41]. Furthermore, based on Ivensen’s sintering theory, the densification
in the sintering process could be considered as elimination of crystal defects [47]. The longer dwelling
time on the peak temperature, which was proven to be only dependent on the sintering current herein,
can promote evaporation of organics in the paste, and necking/nucleation of the silver nanoparticles;
thereby, the relative density of the sintered silver joints can be enhanced [48]. The conclusion is
consistent with the variation of the average thermal resistance of the IGBT assemblies, which decreases
as the current-on time increases from 90 s to 180 s. Therefore, it should be preferable to increase
the current-on time to maintain the sintering temperature in order to reduce the crystal defects and
accelerate the densification of the die-attach layer.
Moreover, the pore size distribution in the sintered silver joints is shown in Figure 13. Figure 13c,d
shows that the pores are small and round in shape, which may be beneficial to the thermal resistance of
the die attachment [45]. However, larger and more irregular pores emerged in the sintered silver joints,
as can be observed in Figure 13a,b. The shorter surface diffusion could hinder further densification
and impact the thermal resistance of die attachment ultimately. It is worth noting that the larger and
more irregular pores could impact the long-term reliability of the sintered joints because cracks are
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easily formed in the vicinity of these pores by stress concentration [49]. The current-on time of 150 s is
recommended considering both the thermal performance and reliability of the die attachment.
Figure 13. Pore distribution of sintered silver joints sintered at different current-on time of: (a) 90 s;
(b) 120 s; (c) 150 s; (d) 180 s.
4.4. Evolution of Particle/Grain Size
In order to verify that short sintering time could refine grain, we have to deduce the relationship
between grain growth and sintering time. The grain boundary migration rate can be expressed as the
following equation [50]:
Vb “ Mb ˆ Fb (2)
where Mb stands for the mobility of grain boundary; and Fb is the driving force. The Mb is temperature
dependent as the following:
Mb “ pDb ˆ Ωq{pK ˆ T ˆ Wbq (3)
where Db is the diffusivity of grain boundary; Wb is boundary width; Ω is atomic volume; K is
Boltzmann constant; and T is absolute temperature. The driving force, Fb, can be expressed as
the following:
Fb “ A ˆσb{Dg (4)
where σb is surface energy; and Dg is average particle size. Grain boundary diffusion could lead to
grain growth, as mention above. Therefore, the grain boundary migration rate is proportional to grain
growth rate, i.e., dDg/dt.
dDg{dt “ A ˆσb ˆ Db ˆ Ω{pK ˆ T ˆ Wb ˆ Dgq (5)
We integrate Equation (4) and attain the following:
Dg2 ´ Dg02 “ k ˆ t (6)
where Dg0 is the grain size when t equals zero. These equations are only deduced for analyzing the
relationship between grain size and sintering time in a qualitative way, so the constants/parameters
in these equations are not determined. As a result, we could conclude that the grain growth should
dominate the densification when prolonging the current-on time, especially for 180 s when significant
grain coarsening could be observed in Figure 14. Figure 15 shows that the grain size on average
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increases from ~100 nm to more than 500 nm. The apparent strength and the grain size follow a
Hall–Petch [51] type behavior:
σ “ σ0 ` kd-a (7)
where σ is the flow strength; σ0 and k are size-independent constants; and a is an exponent typically
between 0.5 and 1. In the microscopic view, the increase of grain size could lead to the dissolving of
the grain boundary. However, high values for yield stress were considered to be related to the effect of
increased grain boundaries, providing additional obstacles for movement of lattice dislocations [51].
Therefore, grain refinement could lead to strength enhancement.
Figure 14. Particle/grain size of nanosilver joints sintered: (a) at different currents (current-on time of
150 s); (b) different current-on time (sintering current of 2.0 kA).
Figure 15. Particle/grain size distribution of nanosilver joints sintered at different currents (t = 150 s)
and different current-on times (I = 2.0 kA).
Furthermore, grain refinement of nanocrystals leads to an increase in resistance to failure under
stress-controlled fatigue, whereas a deleterious effect was found on the resistance to fatigue crack
growth [52]. It is, therefore, not recommended to prolong the current-on time to 180 s. The die-shear
strength of the sintered joint under the current of 2.0 kA for 150 s could be as high as 32.3 MPa.
One hundred fifty seconds is acceptable as the optimized heating time for the current-assisted sintering
of nanosilver paste under the current of 2.0 kA.
5. Conclusions
Compared with the traditional hot-pressing way to sinter nanosilver paste, which takes than
half an hour, we are able to sinter the paste to bond IGBT chips in a much shorter time, i.e., ~150 s
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with the help of a pulsed current of ~2.0 kA. We obtained robust sintered joints as die attachment for
bonding (1200 V, 25 A) IGBT chips (Infineon, SIGC32T120R3LE) using this rapid method. In this way,
the die-shear strength and the thermal resistance of the die attachment could reach up to 30–35 MPa
and 0.07 ˝C/W, respectively. Both the static and dynamic electrical performances are comparable or
even partially better than that of commercial IGBT modules, indicating that the IGBT assembled using
the pulse-current-assisted-sintering method is practical and will not damage power chips due to such
high heating current, as other methods might. This work may guide a rapid process to use nanosilver
paste for bonding IGBT chips in the future.
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